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Abstract This article describes some of the progress made in the understanding of the
growth of polymer lamellae and spherulites using atomic force microscopy (AFM) in the
last five years. High-resolution and real-time AFM phase imaging enables us to observe
the detailed growth process of lamellae. During the early stage of crystallization, em-
bryos appear and disappear on the film surface. A stable embryo develops into a single
lamella, which develops into a founding lamella. Then, the founding lamella develops
into a lamellar sheaf through branching and splaying. Through further branching and

splaying, a lamellar sheaf develops into a spherulite with two eyes at its center.

Keywords Atomic force microscopy - Branching - Crystallization - Embryo - Lamella -

Polymer - Spherulite
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Abbreviations

AFM atomic force microscopy

EM electron microscopy

Tg glass transition temperature

i-PP isotactic polypropylene

i-PS isotactic polystyrene

oM optical microscopy

BA-C10 poly(bisphenol A-co-decane)

BA-C8 poly(bisphenol A-co-octane)

PEO poly(ethylene oxide)

PS[(S)-LA] poly[(s)-lactide]

PCL polycaprolactone

PE polyethylene

PP polypropylene

SEM scanning electron microscopy

TM-AFM  tapping-mode atomic force microscopy

TEM transmission electron microscopy

AGedge free energy of formation for an edge-on primary nucleus

AGy free energy change per unit of crystalline material formed

3 interfacial energy between the folding surface and the melt

Ve interfacial energy between the lateral plane and the melt

Ves interfacial energy between the crystal and the substrate

Yms interfacial energy between the melt and the substrate

a dimension of a nucleus;

ac critical dimension of a nucleus

14 dimension of a nucleus

L critical dimension of a nucleus

A G free energy of formation for a flat-on nucleus

AH, enthalpy of melting per unit volume of crystal

Ty equilibrium melting point of a polymer

T. crystallization temperature

Mw weight-average molecular weight

g average growth rate of a lamella

Lo length between the lamellar tip and the location at which an induced nucleus
just appears

t induction time for the formation of an induced nucleus

1

Introduction

When a polymer crystallizes from the melt without disturbance, it normally
forms spherical structures that are called spherulites [1, 2]. The dimensions of
spherulites range from micrometers to millimeters, depending on the struc-
ture of the polymer chain and the crystallization conditions, such as cooling
rate, crystallization temperature, and the content of the nucleating agent. The
structure of spherulites is similar regardless of their size; they are aggregates
of crystallites [1-6].
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Much effort has been devoted to investigating the detailed architectures
and the construction of spherulites. Early investigations of the crystallization
of polymers through optical microscopy (OM) [7,8] posited that polymer
spherulites consisted of radiating fibrous crystals with dense branches to fill
space. Later, when electron microscopy (EM) became available, spherulites
were shown to be comprised of layer-like crystallites [9,10], which were
named lamellae. The lamellae are separated by disordered materials. In
the center of the spherulites, the lamellae are stacked almost in paral-
lel [5,6,11-15]. Away from the center, the stacked lamellae splay apart and
branch, forming a sheaf-like structure [11,13-15]. It was also found that
the thicknesses of lamellae are different [5,6,11,12]. The thicker ones are
believed to be dominant lamellae while the thinner ones are subsidiary
lamellae.

EM and OM have a few drawbacks, making them unsuitable for appli-
cation in real-time studies of spherulitic growth at the lamellar level. The
resolution of OM is too low to detect lamellae. The required sample prep-
aration techniques for scanning electron microscopy (SEM) and transmis-
sion electron microscopy (TEM) usually stop the crystal growth. Examining
the internal structure of growing spherulites in a partially crystallized and
quenched polymer sample overcomes this drawback to a certain extent, and
the process of spherulite formation has been deduced [4, 6, 11]. A spherulite
is believed to develop from a stack of lamellae. During the growth process, the
stacked lamellae splay apart continually and branch occasionally. The contin-
uous growth of the dominant lamellae leads to the formation of a spherical
skeleton and the subsidiary lamellae fill up the space between the dominant
lamellae.

Phillips and Edwards studied the spherulitic morphology and the growth
kinetics of natural, isomerized, and synthetic cis-polyisoprene under differ-
ent pressures with TEM [16-23]. The polymer thin films were stained with
osmium tetroxide vapor to stop the crystallization and enhance the phase
contrast. Heterogeneous nucleation and homogeneous nucleation were both
observed [18]. Heterogeneous nucleation was identified by the observations
of lamellae growing in all directions normal to the surface of the nucleus.
In homogeneous nucleation, lamellae were observed to grow in two direc-
tions. The growth rates of dominant and subsidiary lamellae were found to be
the same and constant [19]. The spherulitic morphologies of melt-crystallized
poly(4-methyl pentane) [24], polyethylene (PE) [10,11,13,25-27], isotactic
polypropylene (i-PP) [11], and isotactic polystyrene (i-PS) [28] were investi-
gated using OM and TEM. The main points made by the authors concerning
the spherulitic growth were that dominant lamellae first grew into the melt
to form a skeleton of a spherulite by splaying and branching; inter-dominant
lamellar regions were filled with subsidiary lamellae; and branching was
mainly through giant screw dislocations. The pressure build-up by molecular
cilia between lamellae caused the splaying.



4 C.-M. Chan - L. Li

Splaying apart and branching of lamellae to form spherulites due to the
repulsion of the amorphous materials between the lamellae are the general
features of polymer spherulites [4, 11, 14, 15]. It is understood that to achieve
a spherical shape, primary lamellae have to splay apart and branch. Even
s0, the origins for the splaying and branching processes have not been con-
firmed. The early investigations of polymer crystallization suggested that the
accumulation of noncrystallizable impurities in the front of growing lamel-
lae was the reason for branching [29]. But several authors have queried
this diffusion-control mechanism. On the basis of the morphology of grow-
ing spherulites in quenched samples, Bassett and his colleagues proposed
that branching is a result of secondary nucleation on primary lamellae [11].
They also suggested that the mutual repulsion between the adjacent primary
lamellae, resulting from the protruding cilia of the lamellae, is the origin
for splaying of the stacked lamellae. However, the secondary nucleation and
splaying processes have never been observed directly owing to the limitations
of EM.

This process described, as shown schematically in Fig. 1, is still hypo-
thetical because the description is not based on direct observations of the
formation of spherulites. Furthermore, how the stacked lamellae are gener-
ated is still not clear, though nucleation of a supercooled melt can be pre-
dicted from thermodynamics [4]. The invention of atomic force microscopy
(AFM) [30-36] has made direct observation of the crystallization of polymers
possible. In addition to its high resolution, contact-mode AFM can record
real-time images of a dynamic process. The disadvantage of contact-mode
AFM is the considerable pressure exerted by the probe tip on the sample
surface, causing sample deformation and induced nucleation. In particular,
such damage to soft samples such as polymers and biological specimens
limits the applicability of AFM. In recent years, the development of tapping-
mode AFM (TM-AFM) has enhanced the capability of AFM as a surface
analysis technique [35,36]. In TM-AFM, a fast oscillating probe is used for
surface imaging. During the operation, the tip makes contact with the sur-
face briefly in each cycle of oscillation. Many studies have been performed
to interpret the height and phase images recorded by TM-AFM [37-40]. The
results clearly indicate that phase images can provide enhanced contrast on
heterogeneous surfaces. TM-AFM has been shown to be a powerful tool to
study the surfaces of polymer blends, copolymers, and semi-crystalline poly-
mers [36-38,41-44].

_a%a%a%a

Fig.1 Schematic showing the formation of a spherulite from a lamella
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By utilizing the advantages of AFM, the spherulites and lamellae of var-
ious semi-crystalline polymers have been investigated [45-84]. The lamel-
lar thickness [49, 68] and hedritic morphology [54] of polypropylene (PP)
were studied by Vancso and colleagues and the thickness of the lamel-
lae was found to be identical to the values in the literature as revealed by
other techniques. The growth rates of a spherulite and the internal lamel-
lae of a poly(hydroxybutyrate-co-valerate) copolymer have been determined
by Hobbs and colleagues with TM-AFM [58]. The result indicated that
the overall gross growth front of a spherulite can propagate at a constant
rate although internal lamellae cannot propagate in the same way. It was
posited that the spherulite growth rate is dependent on the rate of sec-
ondary nucleation on the existing lamellae but not on the growth rate of the
lamellae. Melting and crystallization of poly(ethylene oxide) (PEO) [47, 57],
PEO in PEO/poly(methyl methacrylate) blends [48], poly(ether ether ke-
tone) [53], and PE [55] have been studied by an AFM equipped with a hot
stage.

In order to record the dynamic polymer crystal growth process in-situ, two
factors are significantly important. One is the use of a very high resolution
technique. Such a technique can repeatedly record the same area without
damage to or significant interactions with the sample. AFM has been proved
to be a successful tool to fulfill this task. The other key factor is that the
polymers must have an appropriate crystallization rate. It generally takes an
AFM several minutes to produce an image. This requires that the polymer
has a very slow crystallization rate. The crystallization rates of most semi-
crystalline polymers at room temperature are too fast.

It is well known that the crystallization rate and crystallinity of a poly-
mer are strongly dependent on the crystallization temperature and polymer
chain structure. A polymer can be controlled to have a slow crystalliza-
tion rate by crystallizing at a high temperature close to its melting point or
a lower temperature near its glass transition temperature. It is much more
difficult to obtain high-quality AFM images of polymers at high tempera-
tures because the melt may interact with the AFM tip which may induce
crystallization as well. To run AFM at low temperatures, a cooler is re-
quired to keep the sample cool. As a result, the operation at or near room
temperature is preferred. Modifying the polymer chain structure can re-
duce the crystallization rate. Varying the flexible segment length can con-
trol the flexibility of the polymer chain, which affects its crystallization
rate significantly. Li et al. prepared a series of polymers (BA-Cn) by phase-
transfer catalyzed polyetherification of 1, n-dibromoalkane (Cn, n =4, 6, 8,
10, 12, 14, and 18) with bisphenol A (BA), with a hard BA segment, and
a flexible Cn segment [85]. The synthesis is described in Scheme 1. BA-
C8 and BA-CI10, which crystallize slowly, are ideal candidates for in-situ
AFM crystallization studies. Their physical properties are summarized in
Table 1.
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Scheme 1 Reaction and general structures of the BA-Cn polymers

Table 1 Results of the characterization of the BA-Cn sequential polymers [85]

Samples Tg Tm My, My /My
(°C) (°C) x103

BA-C4 50.9 186.0 21.1 2.4
BA-C6 31.0 97.4 24.1 1.7
BA-C8 6.3 84.3 9.5 1.7
BA-C10 0.3 88.5 13.8 2.0
BA-C12 -5.9 88.3 16.2 2.1
BA-Cl14 -6.7 86.9 29.6 3.5
BA-C18 -4.1 81.8 28.6 3.5

2

Crystallization Processes

2.1
Homogeneous Nucleation—Birth of Primary Nuclei

Simple thermodynamics theory has predicted that at the on-set of crystalliza-
tion, embryos have to form. As an embryo increases in size, its free energy
increases until it reaches a critical size beyond which the volume-to-surface
ratio becomes large enough such that the decrease in the enthalpy is larger
than the increase in the surface energy. Below the critical size, the embryo
can disintegrate and disappear. Beyond this size, the embryo becomes a stable
nucleus and growth can continue, as shown in Fig. 2. Although the appear-
ance and disappearance of the embryo have been predicted for a long time,
these phenomena were never observed directly. In the last few years, such
observations have been possible using AFM [59, 61, 73].

Li et al. [59] and Lei et al. [61] observed embryos of BA-C8 appearing as
10-nm dots and some disappearing several minutes later. Figure 3 shows two
continuous AFM phase images of the same area. The time interval between
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Stable nucleus

Unstable

AG 3 > size

Embryo (appears and disappears)

Fig.2 Gibbs free energy of formation of a nucleus as a function of its size

Fig.3 Phase images obtained on a BA-C8 film at room temperature. a An embryo; b the
embryo in a disappeared and a new embryo appeared at a different location [61]

the two images is 10.6 min and the image size is 600 nm. It can be seen clearly
that an embryo appears as a 10-nm diameter dot in the lower left-hand cor-
ner of Fig. 3a. After 10.6 min, this embryo cannot be found (Fig. 3b); however,
a new embryo appears in the upper right-hand corner of the image. These re-
sults demonstrate that embryos below a certain critical size can disintegrate,
as predicted by thermodynamics. However, the accurate measurement of this
critical size cannot be obtained with AFM.

However, one concern about the above studies is that the observed nu-
cleation was a result of the influence from the AFM tip. Studies have been
performed to investigate the nucleation induced by AFM tips during the
crystallization experiments [48,55,77-79]. Pearce and Vancso investigated
the possibility of tip-induced nucleation during crystallization of PEO near
the melting point [48,77]. They concluded that the tip did not induce nu-
cleation. A similar conclusion was drawn by Godovsky and Magonov dur-
ing their study of PE crystallization using AFM [55]. However, tip-induced
nucleation was found to be possible in the study of crystallization of poly-
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caprolactone (PCL) [78,79]. The difference in the behavior between PEO
and PCL was attributed to the difference in the shear force. High shear
forces will cause chain alignment at the surface of the melt, as shown in
Fig. 4. The lamellae are more or less aligned in the vertical direction. The
tip scanning in the horizontal direction might cause the alignment of the
polymer chains at the surface of the melt in the same direction. Hence, the
growth direction of the lamellae is in the vertical direction, as shown in
Fig. 4.

It is important to point out that in the studies of PCL [78, 79] and PEO [48,
77], the contact mode, which in general produces high shear forces during
scanning, was used at temperatures near the melting points of the polymers.
In experiments performed by Li et al. [59] and Lei et al. [61], the tapping
mode was used and the experiments were performed at a high degree of
undercooling (AT ~ 60 °K). During the experiments, the amorphous areas
around the growing crystallites were scanned for a long time without detec-
tion of nucleation.

The appearance and disappearance of embryos of the ether-soluble (ES)
fraction of stereoblock PP were observed by Schonherr et al. [73]. Features
1, 2, and 3, which are clearly visible in Fig. 5a, disappear in Fig. 5b. A sta-
ble nucleus, for example, Feature B in Fig. 5a, develops into a lamella. These
studies have clearly demonstrated that the primary nuclei of polymers can be
observed using AFM.

e 80.0

60.0

+40.0

il 20.0

0 20.0 40.0 60.0 80.0

Fig.4 The effect of the AFM tip on the nucleation of PEO crystallization in contact-mode
AFM scanning. The micrograph exhibits a “defection contact-mode” image [79]
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Fig.5 Early stages of ES crystallization followed by hot stage AFM at 41 °C. The time
lapse between the capture of the two phase images was 256 sec (image size = 3.3 mm x
3.0 mm) [73]

2.2
Development of the Founding Lamella

Once an embryo grows larger than the critical size as predicted by thermody-
namics, the embryo can grow continuously at its two ends and develop into
a single lamella, as shown in a series of images (c.f., Fig. 6). We can see an em-
bryo as a round dot in the center of the image in Fig. 6a and the development
of the embryo into a short lamella of approximately 60 nm in length in Fig. 6b.
The appearance of this short lamella in Fig. 6b at the same location as the
round dot in Fig. 6a provides solid evidence that the dot is an embryo. After
about 60 min, as shown in Fig. 6c-{, this lamella grows in length to approxi-
mately 1 pm. This lamella, which originates from an embryo, is named as the
founding lamella because all other lamellae that are present in the spherulite
are its descendants.

The founding lamella grows into a lamellar sheaf through branching and
splaying. The lamellae formed in the branching are referred to as the sub-
sidiary lamellae. It is very interesting to find that the founding lamella did not
branch until it grew to a fairly long length of about 1 um (Fig. 6f,g). The re-
sults suggest that, during this period, the growth rate of the founding lamella
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“a) t=120 min+ | (b) 131 min (.c)142 min (d) 153 min

(e) 164 min (g) 186 min (h)197 min
Lamellae 1

/

Lamellae i/

0.2um
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Fig.6 A series of AFM phase images obtained on a BA-C8 film at room temperature. a An
embryo; b a short lamella (founding lamella) developed from the embryo shown in a cf.
The growth of the founding lamella; g-p branching and splaying apart of the subsidiary
lamellae [61]

is much faster than the rate of branching. Branching was found to occur on
both folding surfaces of the founding lamella (c.f., Fig. 6i-p).

In order to determine whether the AFM tip induces the growth of the
founding lamella in the direction normal to the fast scanning direction of
the AFM tip, three AFM phase images were obtained at 25 °C, as shown in
Fig. 7 [62]. The image area is 1.5 um by 1.5 um. The fast scanning direction
is horizontal with respect to the image while the slow scanning direction is
vertical. It is clear that the growth direction of these founding lamellae is in-
dependent of the fast scanning direction. These results indicate that with light
tapping, the AFM tip scanning direction has no effect on the growth direction
of the lamellae.

It is important to point out that lamellae with two orientations—edge-
on and flat-on—are commonly observed by AFM, as shown schematically in
Fig. 8. In general, AFM results reveal that edge-on and flat-on lamellae are
dominant in thick and thin films, respectively. The founding and other edge-
on lamellae of BA-C8 shown in Figs. 6 and 7 were formed on a film with
a thickness of about 300 nm. Large flat-on lamellae surrounded by edge-on
lamellae are seen on a BA-C10 film with a thickness of less 50 nm, as shown in
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e

300nm

Fig.7 AFM phase images showing founding lamellae of BA-C8 with different growth
directions [62]
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Fig.8 Schematic showing edge-on and flat-on lamellae

Fig.9 Phase image showing flat-on lamellae surrounded by edge-on lamellae on a BA-C10
film with a thickness of less than 50 nm [64]

Fig. 9. The crystals in the center area are layer-packed, flat-on lamellae. They
were crystallized at 75 °C for 90 h.

An explanation based on simple thermodynamics of the preferred orienta-
tion of edge-on and flat-on lamellae on thick and thin films, respectively, was
given by Wang et al. [80]. As shown in Fig. 10, a primary rectangular nucleus
of size a x a x £ can assume either edge-on or flat-on orientation on a sub-
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Fig.10 Schematic showing the edge-on and flat-on nuclei on a substrate

strate. The free energy of formation for the edge-on primary nucleus, AGegge,
is given by

AGedge = -a*CAGy, + 2a*y¢ + 3alys + al(Yes = Vs) (1)

where AGy, is the free energy change per unit of crystalline material formed,
yr is the interfacial energy between the folding surface and the melt, y; is the
interfacial energy between the lateral plane and the melt, y is the interfa-
cial energy between the crystal and the substrate and ym; is the interfacial
energy between the melt and the substrate. By taking the derivative of AGeqge
with respect to a and ¢ and setting them equal to zero, the critical dimensions
(ac and €.) for an edge-on nucleus attached to a substrate can be obtained by

_ 30+ Ves = Vms

AGy ; (2)

C

4yt

L= . (3)
AGy

The free energy of formation for a flat-on nucleus attached to a substrate,

A Gﬂat y iS

AGia = -a*CAGy + 4alys + @ (¥f + Ves = Vims) - (4)
The critical dimensions for the flat-on nucleus are
4yy
ac= 0 (5)
AGy
2 + Ves -
l = (Y£ + Ves = Yms) ) 6)
AGy
AGy, can be calculated using the following equation:
AH,AT
AGy= 0 7)

T
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where AH, is the enthalpy of melting per unit volume of crystal, Ty is the
equilibrium melting point of a polymer, and AT = T3 - T, (T¢ is the crys-
tallization temperature). Assuming y¢ = 0.093 J/m?, vy =0.01]/cm?, AH, =
2.090 kJ/m?, AT =60 °K, and T9, = 400 °K, AGgy, and AGegge were calculated
and the results are shown in Table 2.

The results shown in Table 2 reveal that edge-on primary nuclei are pre-
ferred if yem — ¥sm < 0. In thick films, the growth of the lamellae will most
likely assume the same orientation as the primary nuclei formed at the inter-
face. As a result, the authors of [80] argued that edge-on lamellae should be
observed on thick films by AFM. However, the appearance and disappearance
of embryos have been observed by AFM. These embryos have to be formed
at the surface because if they were grown from the edge-on nuclei formed
at the polymer-substrate interface, they would have been large lamellae and
would not disappear at the surface. When a nucleus is formed at the surface
of a thick film, the edge-on orientation is preferred because the presence of
the lateral plane of the crystal at the surface minimizes the surface energy of
the system due to the fact that y; is much smaller than y¢.

However, in thin films, the growth of the edge-on lamellae is limited by the
film thickness (h). The formation of many edge-on lamellae on a thin film cre-

Table2 Calculated values for AGgy and AGegge [80]

Yes = Yms» X107 ] /em? AGfat» ] AGedge ]

0 1.7 x 10717 1.8x 1071
-10 1.5x 1071 -6.5%x 1071
-20 1.3x 10717 -7.1x107"?

h )}
1
( i (@)
[ (]
bl
I
it
I N N N NN
m
h (b)
EEEEEEENENEEEEREE

Fig.11 Lamellar orientation in the ultrathin films: a many interfaces are created if the
edge-on orientation is adapted; A is the film thickness; b few interfaces are created in the
flat-on orientation
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ates many interfaces between the edge-on lamellae, thus increasing the free
energy of the system, as shown in Fig. 11. Consequently, continuous flat-on
lamellar crystals are preferred on thin films. Although the thermodynamics
model can explain the lamellar orientations in films with various thicknesses,
the assumption that the interfacial energy between the crystal fold surface
and the substrate is the same as the interfacial energy between the crystal
lateral plane and the substrate is questionable.

3
Development of the Lamellar Sheaf

3.1
Branching of Lamellae

The formation of a lamellar sheaf, which is often referred to as a hedrite, as
shown in Fig. 6p, is due to the branching and splaying apart of subsidiary
lamellae. It is an intermediate and complex structure with a number of cen-
trally connected lamellae. At the center, the lamellae are more-or-less parallel.
For example, Beekmans et al. showed that hedrites of PCL with a high degree
of complexity were developed from the melt upon lowering the crystallization
temperature to approximately 56 °C [81]. A series of phase images of a hedrite
in the edge-on orientation was acquired in the tapping mode at different time
intervals (c.f., Fig. 12).

In the initial stage of the crystallization, the formation of a skeleton of
dominant lamellae of equal widths separated by the melt is clearly visible
as shown in Fig. 12a. The onset of branching is also visible in Fig. 12a. As
the crystal grows, the hedrite becomes more asymmetrical with respect to
the central dominant lamellae because it is tilted with respect to the surface
(c.f., Fig. 12b-d). The dynamics of this space filling can clearly be observed in
Fig. 12¢,d. The subsidiary lamellae originating from the edge of the skeleton
eventually develop a dominant character.

The mechanism of branching of lamellae has been the subject of intensive
studies for many years. Bassett et al. investigated the lamellar morpholo-
gies of melt-crystallized i-PS and i-PP in detail [1,5,11,27]. They proposed
that the skeleton of a spherulite is established by individual dominant lamel-
lae that branch and splay apart, leaving interstices to be filled by later-
crystallizing subsidiary lamellae. The pressure build-up by molecular cilia
between the dominant lamellae induces lamellar splaying. Lamellar branch-
ing is mainly induced through giant screw dislocations. In addition, they
concluded that the subsidiary lamellae contain shorter molecules on average
than do the dominant ones. At the same time, Norton and Keller studied the
basic morphology of melt-crystallized i-PP [6,7,9]. Their investigations fo-
cused on five different spherulitic types, as identified by OM. Their results
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Fig.12 AFM phase images of PCL hedrite growing at 56 °C; the images in (b), (¢) and
(d) correspond to elapsed times of 244, 290, and 551 min, respectively, with respect to the
image in (a) [81]

suggested that each spherulitic type is characterized by the arrangement of
its constituent lamellae in terms of orientation, habit type, and crystal struc-
ture. Lamellar cross-hatch, namely lamellar branching, involves some form of
“pure” epitaxy (i.e., a process of the deposition of one layer of helices with
the same chirality as the previous layer; this deposition is preferred when
isochiral helices are tilted about 80° to the helices in the (010) face of a parent
lamella, resulting in the cross-hatched lamellar structures).

Figure 13 shows a flat-on lamellar crystal of BA-C8 formed at 75°C on
a film with a thickness of 200 to 250 nm. Spiral growth of crystals frequently
occurs on the fold surface of the crystals. As shown in the schematic drawing
(c.f., Fig. 13), when a screw dislocation emerges, polymer chains can attach
on the ledge-like surface. After attachment of the chains, the next step is the
chain folding into the crystal lattice. Then the growth proceeds in a spiral
manner about the axis of the screw dislocation and finally develops to form
this spiral structure. From the section analysis of the AFM height image, it
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i Section Analysis

Fig. 13 Phase image showing flat-on lamellae of BA-C8 with a spiral structure

can be easily seen that the height profile of these terraces creates the different
altitudes of the crystal structure.

The study of the growth processes of lamellae and spherulites of BA-Cn
using AFM suggested that there are other possible mechanisms for lamel-
lar branching [59-67]. Figure 14 shows the formation and the growth of two
small nuclei (marked with A and B) near their parents. The newly formed
nuclei grew and became subsidiary lamellae. A lamella breeds more lamel-
lae as a result of the growth of these nuclei into subsidiary lamellae. Because
some of the nuclei formed at a certain distance away from the parent lamel-
lae, screw dislocations may not be the cause of branching unless the screw
dislocations were formed at the subsurface level and grew to the surface. Dur-
ing crystallization, it is possible that a chain is partially trapped in a parent
lamella. The reduced mobility of the trapped segments (a loop or cilium) in-
duces the formation of a nucleus near the parent lamella, as shown schemat-
ically in Fig. 15. This phenomenon was called induced nucleation [61]. The
nucleus formed in this process is the induced nucleus. It is interesting to
see if an induced nucleus under a certain critical size will disappear like
the primary nucleus. Figure 16a shows an induced nucleus near its parent
lamella [82]. The induced nucleus slowly fades away as time increases. Finally,
the nucleus disappears, as shown in Fig. 16b. On the basis of these results, it is
concluded that an induced nucleus, which is formed near the parent lamella,
could disintegrate when it is smaller than a certain critical size. These find-
ings are similar to previous results showing that a primary nucleus smaller
than a certain critical size is unstable and could disintegrate [59, 61, 73]. Be-
cause some of the induced nuclei were formed at a certain distance away from
the parent lamellae, Lei et al. [61] and Wang et al. [82] proposed that screw
dislocations might not be the cause of branching unless the screw disloca-
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Fig. 14 A sequence of AFM phase images of a BA-C8 film obtained at room temperature
showing the formation and growth of induced nuclei. The time interval between each
consecutive image is approximately 5.8 min [61]

A cilium %\%

A loop \ §
Fig.15 Schematic showing the proposed mechanisms of induced nucleation

tions were formed at the subsurface level and grew to the surface. If a nucleus
is formed at a subsurface level, this nucleus, which grows and appears at the
surface, should be of significant size and would not disappear.

The appearance and disappearance of some of the induced nuclei suggest
that they are formed at the surface as a result of a trapped polymer chain in the
parent lamellae. In addition when a polymer crystallizes very quickly, stresses
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b Disappearance of the
induced nucleus

Induced nucleus

Fig.16 AFM phase images of a BA-C8 film obtained at room temperature. a The pres-
ence of an induced nucleus near a parent lamella; and b the disappearance of the induced
nucleus [82]

can be induced in its neighboring areas. The presence of high stresses is evi-
denced by the fact that the growing lamellae become highly curved, as shown
in Fig. 17. At about 15 nm away from the highly curved lamella, three nuclei
can be seen (marked with arrows). Because these nuclei are quite far away from
the parent lamella, induced nucleation is unlikely to be the mechanism. Lei
etal. [61] and Wang et al. [82] proposed that these nuclei were formed because
of the stresses that exist in the neighboring areas near the parent lamellae. Al-
though the branching mechanisms cannot be determined unequivocally based
on the AFM, three possible branching mechanisms have been proposed: (1)
Screw dislocations as suggested by Bassett; (2) induced nucleation as a result
of a trapped polymer chain in the parent lamella; and (3) the stresses induced
by the crystallization of a parent lamella in its nearby regions.

Fig.177 AFM phase image obtained on a BA-C12 film. Three induced nuclei are observed
at about 15 nm away from the parent lamella [83]
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3.2
Branching at Different Temperatures

The proposed three mechanisms for branching are based on the defects gen-
erated during the crystallization process. It is likely that the rate of defect
formation is related to the rate of lamellar propagation. Two parameters that
are important in controlling the lamellar propagation rate are temperature
and molecular weight. In this section the effect of temperature on lamellar
branching is discussed.

Figure 18 shows the lamellar growth rate of a BA-C10 (Mw = 29.480 g/mol)
film with a thickness of 100 to 150 nm as a function of the crystallization tem-
perature. The maximum lamellar growth rate occurs at around 55 °C. In order
to relate the lamellar growth rate and branching of the lamellae, AFM images
showing the lamellar growth at different temperatures were obtained. Fig-
ure 19 shows the AFM phase images of the lamellar branches developed at 35,
55, 70 and 75 °C. At about 35 °C, the branches are arranged fairly irregularly,
as shown in Fig. 19a. The detailed statistical results show that the subsidiary
lamellae have almost the same growth rates as the dominant lamellae. How-
ever, the lengths between the branch points and the tips of the subsidiary
lamellae are approximately 200 to 500 nm shorter than the lengths between
the branch points and the tips of the parent lamellae, as indicated by ar-
rows in Fig. 19a. At 55 °C, it is difficult to distinguish between the dominant
and subsidiary lamellae (c.f., Fig. 19b). In this case, the lengths between the
branch points and the tips of the subsidiary lamellae are only 50 to 150 nm
shorter than the lengths between the branch points and tips of the parent
lamellae. At 70 °C, the number of lamellar branches is very small and the
subsidiary lamellae are aligned orderly and almost parallel to the dominant
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Fig.18 Lamellar growth rate of BA-C10 as a function of crystallization temperature,
determined by AFM [64]
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Fig.19 AFM phase images of lamellae of BA-C10 crystallized at a 35°C, b 55°C, ¢ 70 °C
and d 75°C [64]

lamellae as shown by the arrows in Fig. 19c. Some branching occurs almost
at the tips of the dominant lamellae. It is difficult to determine whether they
are generated from induced nuclei or from primary nuclei. Branching is not
observed at 75 °C and the lamellae grow very straight, as shown in Fig. 19d.
A comparison of the phase images of the lamellar branching in Fig. 19 indi-
cates that the thickness of the lamellae grown at 70 and 75 °C appears to be
larger than that of the lamellae developed at 35 and 55 °C.

Figure 20a is a schematic showing branching of a founding lamella where
g is the average growth rate of the lamella and Ly is the length between the
lamellar tip and the location at which an induced nucleus appeared. The AFM
results indicate that the growth rates of the founding lamella are quite uni-
form with time at a given crystallization temperature. Thus, the induction
time, t;, for the formation of an induced nucleus is defined as

b= ®)

g

However, it is difficult to measure L, , while in most cases, L1 and L/1 , as de-
fined in Fig. 20a, could be obtained easily when a subsidiary lamella grew to
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Fig.20 a A schematic illustrating the branching of a founding lamella and b a plot of
the reciprocal of induction time for subsidiary lamellae as a function of crystallization
temperature [64]

a certain length. Thus, the induction time is given by
Ly Li-L
g &

The induction time was calculated using the measured values of L, L}, and
g for the founding and subsidiary lamellae. The reported value is an average
of five to ten measurements. The minimum in the plot of ¢ as a function of
the crystallization temperature was determined to be at about 55 °C, which is
the same as the temperature at which the maximum lamellar growth rate oc-
curs. As seen in Fig. 20b, induced nuclei hardly form when the crystallization
temperature is lower than about 30 °C. Thus, the number of lamellar branches
is quite small at this temperature. It is important to note that when the crys-
tallization temperature is higher than 75 °C, induced nuclei also do not form.
As a result, subsidiary lamellae are mostly absent and spherulites cannot form
above this temperature. But other factors such as impurities can still promote
the formation of primary nuclei. Hence, at this temperature, a heterogeneous
nucleus can grow into a single crystal.

It is easy to understand that at low crystallization temperatures, the lamel-
lar branching rate is low because the adjustment of the chain conformations
is limited due to the immobility of these partially trapped chain segments.
At high crystallization temperatures near the melting point, the driving force
for secondary nucleation decreases, resulting in lower growth rates of the
lamellae. The reduction in the induced nucleation rate at high temperatures
is due to the fact that the increased thermal mobility of polymer chains and
the small secondary nucleation rate provide enough time for the polymer
chains to adjust their conformations to fold into a lamella with few protrud-
ing cilia or partially trapped chain segments. As a result, lamellar branching
seldom occurs at high crystallization temperatures. A perfect edge-on lamel-
lar single crystal without any branches develops at 80 °C (T, = 95 °C) and

ti = %)
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Fig.21 In-situ phase images of a BA-C10 film showing the lamellar branching at differ-
ent temperatures: a and b no branching at 80 °C; ¢ and d branching largely at the tips
of lamellae when the temperature is quenched to 35 °C [64]. The time interval between
a and b was about 106 min

grows to 20 wm long, as shown in Fig. 21a,b. However, when the temperature
is quenched to 35 °C, many lamellar branches appear at the growing tips of
this single long lamella, as shown in Fig. 21c¢,d. The reason it was very difficult
to form induced nuclei and lamellar branches at the center part of this sin-
gle lamella is because this lamella developed at 80 °C with possibly no defects
such as protruding cilia or trapped chain segments.

3.3
Propagation of Lamellae

AFM results on the propagation of lamellae show that the growth behavior
of one lamella can be influenced by the presence of another lamella [60, 83].
The propagation of lamellae of BA-C8 has been studied and several interest-
ing phenomena were observed. Figure 22 shows that the propagating lamellae
can join each other. The joining sites of the lamellae are labeled J1, J2, and J3.
The joining of two lamellae can occur at the tips of two growing lamellae (c.f.,
J1 in Fig. 22a,b). When the tips of two growing lamellae approach each other,
the chain segments can fit into the two lamellae due to the imperfect crystal
structure of the lamellar tips. The two lamellae resume growth and propa-
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gation after joining (c.f,, J1 in Fig. 22c). The joining of two edge-on lamellae
can also occur between the tips of a growing lamella and an existing lamella
(c.f., J2 in Fig. 22a,b). This kind of joining can terminate the growth of one
lamella without disturbing the growth rate of the existing lamella (c.f,, J2 in
Fig. 22b,c). Oppositely growing lamellae can also join together. This backward
growth of a lamella may be terminated by another forward-growing lamella.
When a forward-growing lamella meets a backward-growing lamella (c.f., J3
in Fig. 22a), they may join together (c.f., J3 in Fig. 22b). One of the very inter-
esting observations is the joining of two lamellae initially propagating parallel
to one another (c.f., P in Fig. 22b). The parallel growth of the two lamellae
lasted only until they were about 1.0 um in length. Then, the two lamellae
grew closer to each other and joined together (c.f., P in Fig. 22c). Finally, the
two lamellae separated and propagated again (c.f., P in Fig. 22d). It is reason-
able to believe that polymer chains in the amorphous phase trapped between
the parallel lamellae caused the joining of these two lamellae. The tension of
the trapped polymer chains caused the joining of lamellae as the chain seg-
ments folding into the lattice of the lamellae pulls the two lamellae together,
as illustrated in Fig. 23.

One of the most interesting phenomena observed is the bending of
a lamella (c.f., Bl and B2 in Fig. 22). Lamella 1, as marked with B1 in Fig. 22,

Fig.22 Phase image showing the joining (J) and bending (B) of lamellae of BA-C8 during
their growth and propagation [60]
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(3) @ %
Fig.23 Schematic showing the joining of two propagating lamellae [60]

becomes a bow-like lamella after joining with lamella 2, as shown in Fig. 22b.
When lamella 2 approaches lamella 1, some loose loops of the polymer chain
segments in lamella 1 can fit into the lattice of lamella 2 and the resulting ten-
sion can bend lamella 1. The bending of an edge-on lamella can also occur
during its growth (c.f., B2 in Fig. 22¢,d).

In another example, Hobbs et al. studied the lamellae growing in two
neighboring shish-kebabs of PE, as shown in Fig. 24 [84]. One of the very
interesting phenomena they observed is that two lamellae change their direc-
tions as they grow toward each other, resulting in a slight kink in one of the
lamellae, as shown in Fig. 24b (labeled B). The results show that the growth
direction of one lamella can be strongly influenced by the presence of another,
although the mechanism by which this occurs is unclear. Their results also
show that the contact of two lamellar tips can lead to the formation of a longer
lamella that appears to be indistinguishable from a lamella that has grown as
a single lamella because there is no sign of a join (c.f., area marked with A in
Fig. 24c). On the basis of the AFM results on BA-C8 [60] and PE [84], several
interesting phenomena can be found during lamellar propagation:

1. Two lamellae propagating in opposite directions can pass each other with-
out changing their growth directions.

2. Two lamellae growing in opposite directions can join, forming one single
lamella.

3. To avoid contact of two lamellae propagating in opposite directions, the
growth directions of the lamellae can change, resulting in bending of the
lamellae.

4. Two nonparallel lamellae propagating in a similar direction can join at
a certain point. Then, they can propagate along different directions after
joining. The join of these two lamellae can cause bending of the lamellae.
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Fig.24 A series of phase images showing the further growth of the PE shish- kebab
structure. The gray scale represents a change in phase angle of 60°. The scan rate was
6.1lines/sec. The scale bar refers to all the images and represents 300 nm. a Taken at
132 °C. b Taken at 131.5 °C; the B indicates a pair of lamellae that have changed direction
to avoid joining. ¢ Taken at 131°C; the A indicates a pair of lamellae that have joined.
d Taken at 130.5 °C; the arrow indicates a point on the extended chain backbone where
a new nucleation event has occurred, and the dotted lines show the distorting effect of
drift, in which all the lamellae on a series of scan lines are deformed [84]

5. Two parallel lamellae propagating in the same direction can grow toward
each other and finally join together due to the tension of the polymer
chains trapped between the two lamellae. After joining, these two lamellae
can separate and propagate again.

These results reiterate the unique contributions of AFM in providing new in-
sights into lamellar propagation.

34
Lamellar Growth Rate

The growth rate is important for any kinetic study. Many studies have been
performed to measure the growth rate of spherulites using OM and recently
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AFM. It has been predicted by theoretical models and observed experimen-
tally that the overall spherulitic growth rate is constant. As for an individual
lamellar growth rate, Hobbs pointed out that some lamellae initially grew for-
ward faster than the overall growth rate of spherulites [59]. In addition, the
growth rate was not constant. It varied for different lamellae, and even for
the same lamellae at different locations [59]. AFM results show that a lamella
might propagate faster in the forward direction than the overall growth rate
and the propagation could slow down or even stop for a period of time and
then restart again [60].

To study the growth rate of lamellae, their lengths were measured as
a function of time at 22 °C [62]. The lengths of a founding lamella (lamella 1)
and a subsidiary lamella (lamella 2) as a function of time are shown in Fig. 25.
The growth rates of the founding and subsidiary lamellae were determined to
be about 19 and 9 nm/min, respectively, from the slopes of the two straight
lines in Fig. 25. It is important to note that the growth rate of the founding
lamella is twice that of the subsidiary lamella because the founding lamella
has two growing tips and the subsidiary lamella has only one. For conve-
nience, the growth rate of lamellae is defined to be approximately 9.5 nm/min
at 22 °C, using the growth in one direction only. The growth rate of all lamel-
lae was found to be quite uniform. Such results seem to be contradictory to
those of the earlier observations [59, 60]. It should be noted, however, that
the earlier observations were made at different stages of the formation of
spherulites (in the middle stage of the formation of the spherulites) while
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Fig.25 Plots of the length of founding and subsidiary lamellae of BA-C8 as a function of
time at 22 °C [62]



Direct Observation of the Growth of Lamellae and Spherulites by AFM 27

this observation was made at the initial stage of the formation of a lamellar
sheaf. Together, these results clearly indicate that the growth rate of lamellae
is different at different stages during the formation of the spherulites. The dif-
ference should reflect the influence of the concentration of developed lamellae
on the growth rate of the lamellae.

At the middle stage of the formation of spherulites, there is a high con-
centration of growing lamellae. Because the concentration of the growing
lamellae is not uniform across the film, the growth rate should also vary
significantly even for the same lamella. However, at the initial stage of the for-
mation of the spherulites, the concentration of trapped polymer chains is low
and the time needed for the chain segments to adjust their conformation to
fit into the lattice is affected mainly by the original orientation of the chains.
Hence, the variation of the growth rate among the lamellae is small.

To explore the effect of temperature on the growth rate of the lamellae, the
length of the lamellae was measured at two other temperatures (16 and 28 °C)
and the results are shown in Fig. 26. The growth rate of the lamellae at 16
and 28 °C was measured to be 8.2 and 32.4 nm/min, respectively. The rate in-
creases significantly as the temperature increases indicating that the growth
rate of the lamellae at this temperature range is limited by the diffusion of the
polymer chains.

The growth rate of lamellae at the later stage is not uniform. Figure 27
shows a sequence of AFM height and phase images of the lamellae at the
growth front of a spherulite [60]. The time interval between each consecutive
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Fig.26 The length of founding lamellae of BA-C8 as a function of time measured at three
temperatures [62]
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0 0

Fig.27 A series of AFM height (left column) phase (right column) images of the growth
front of a spherulite of BA-C8 in a consecutive time sequence [60]
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image is approximately 9 min. The left column of Fig. 27 displays the AFM
topographic images and the right column shows the corresponding phase im-
ages. The data scales of the AFM height images are 15 nm in Fig. 27a-c and
25 nm in Fig. 27d-e. As shown in the height images, the surface of the BA-C8
thin film becomes rough as random chain segments accommodate them-
selves into the lattice as the lamellae propagate. Individual lamella can be
seen clearly in the phase image (right column of Fig. 27). The lamellae in the
front of a spherulite do not grow at a constant rate. A lamella can propagate
with various speeds at different times and locations (c.f., lamellae 1 and 2 in
Fig. 27). At the beginning of this series of images, lamella 2 is behind lamella
1. But later as the growth rate of lamella 2 increases (c.f., Fig. 27¢,d), lamella
2 surpasses lamella 1 (c.f., Fig. 27d). A similar phenomenon was observed in
a film of poly(hydroxybutyrate-co-valerate) copolymer [58].

4
The Effect of Film Thickness on Lamellar Growth Rate and Morphology

It is known that film thickness can affect the orientation of the lamellae at the
surface. As discussed in Sect. 2.2, in thin films, flat-on lamellae are preferred
over edge-on lamellae because the growth of the edge-on lamellae is limited
by the thickness of the film. The formation of many small edge-on lamellae
increases the interfacial area of the system. As a result, flat-on lamellae are
preferred. Film thickness, which has a significant effect on the mobility of the
polymer chains in a film, can also affect the lamellar growth rate and morph-
ology. Torres et al. applied a hard-sphere molecular dynamics methodology
to calculate the effects of the polymer-substrate interaction and the thick-
ness on the glass transition temperature (Tg) of polymer films [86]. Figure 28
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Fig.28 Apparent glass transition temperature as a function of film thickness. The es-
timated uncertainty in the simulated Tgs is approximately four times the size of the
symbols [86]
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shows the apparent Ty as a function of film thickness (o is the diameter of
each monomer). For a free standing film, the glass transition temperature de-
creases significantly when the thickness decreases. The T of free-standing PS
films with a thickness of 29 nm was measured to be 60 to 70 °K below its bulk
T [87,88]. A much smaller decrease in the Ty is expected for supported films
with a weak polymer-substrate interaction. The T of supported PS films was
reported be less than 10 °K below its bulk value [90]. An increase in the Ty of
supported films is observed when the polymer-substrate interaction is strong.
The polymer chains that are adjacent to the substrate with favorable interac-
tions will have less mobility compared with those in the bulk. This argument
is supported by experimental data showing that the glass transition tempera-
ture of the polymers increases as the film thickness decreases [72,89-91].
Figure 29 shows the derived Tg for PEO films on oxidized silicon as a func-
tion of film thickness [90]. As the film thickness decreases, the T is found to
increase as much as 20 °K above its bulk value.

A reduction in film thickness, which can increase or decrease the polymer
chain mobility, has a significant impact on the crystalline morphology [72, 89,
92,93] and also reduces the degree of crystallinity and lamellar growth rate.
When a film is very thin (< 100 nm), dewetting of the polymer can occur, form-
ing various interesting morphological patterns on the substrate. Schénherr
and Frank studied the morphology and crystallization kinetics of isother-
mally crystallized PEO films with various thicknesses on oxidized silicon
substrates [72]. In films with thicknesses larger than 1 jum, edge-onlamellae are
predominantly present on the surface, as shown in Fig. 30a. When the thickness
of the films is less than 300 nm, flat-on lamellae are the dominant structures
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Fig.29 Derived Tg for PEO films on oxidized silicon as a function of film thick-
ness [90]. PEO-100 (Mw = 100000 g/mole), PEOpy-49 (Mw = 49 340 g/mole), PEOpy-29
(Mw = 28930 g/mole), and PEOpy-11 (Mw = 10800 g/mole)
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Fig.30 TM-AFM phase images of PEOpy-49 films with various thicknesses on oxidized
silicon: @ 2.5 wm, b 110 nm, and ¢ 15 nm [72]

on the surface and even the intentionally induced edge-on lamellae rotate and
assume the flat-on orientation and continue to grow as flat-on lamellae. Fig-
ure 30b shows many flat-on lamellae with spiral growths developed from the
screw dislocations. Films with thicknesses less than 15 nm tend to break up and
form dendritic structures, as shown in Fig. 30c.

Kikkawa et al. studied the crystallization behavior of Poly[(s)-lactide]
(P[(S)-LA]) from the melt at temperatures over 160 °C [93]. Their results
show that the crystalline morphology is strongly influenced by the film thick-
ness. Dendritic and hexagonal crystals were found, respectively, to form in
thin films with thicknesses of 30 and 50 nm. AFM deflection images of a thin
film with a thickness of about 30 nm, as shown in Fig. 31, were recorded in
the contact mode isothermally at 165 °C after melting at 220 °C. A small crys-
tal is detected at the central portion of the image after the temperature of
the film reaches 165 °C for 5 min. Figure 31b-d show sequential AFM images
of the P[(S)-LA] thin film at 165 °C. The initially formed narrow crystal, as
shown in Fig. 31a, is likely to be an edge-on lamella that elongates and grows
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Fig.31 AFM deflection images of P[(S)-LA] thin film with a thickness of about 30 nm,
taken during isothermal crystallization at 165°C on the AFM heating stage. In this se-
quence, the first frame (a) was taken at 7.5 min after the temperature reached 165 °C, and
the following frames were taken at 15 (b), 22.5 (c), 30 (d), 50 (e), and 120 min (f), after
reaching 165 °C [93]

to form an S-shaped structure (c.f., Fig. 31b). Flat-on lamellae are seen to
form on one side of the narrow crystal and continue to grow (c.f., Fig. 31c).
Another flat-on lamella is generated on the opposite side of the S-shaped nar-
row crystal, as shown in Fig. 31d. These flat-on lamellae grow with branching
and finally form a dendritic morphology. It is clear from this example that
flat-on lamellae are the preferred structure in thin films.

Figure 32 shows the continuous AFM deflection images of growing crystals
in a (P[(S)-LA]) thin film with a thickness of about 70 nm obtained isother-
mally at 165 °C using tapping-mode AFM. After 5 min, some concave areas
are detected on the amorphous surface of the thin film (c.f,, Fig. 32a). In the
concave area, edge-on lamellae emerge and grow with time. Many S-shaped
and bow-shaped structures form on the surface after 38 min, as shown in
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Fig.32 Series of AFM deflection images showing flat-on and edge-on lamellae in P[(S)-
LA] thin film with a thickness of 70 nm during isothermal crystallization at 165 °C. The
first image (a) was started at 5 min after the temperature was stable at 165 °C. The follow-
ing images were taken at 10 (b), 17 (c), 24 (d), 31 (e), and 38 min (f), respectively [93]

Fig. 32d. Flat-on lamellae are seen to develop at the tip of the edge-on lamel-
lae. Instead of forming dendritic crystals as in the 30-nm film, the flat-on
lamellae of this 70-nm film are hexagonal. The changes in the crystalline
morphology from hexagonal to dendritic crystals when the film thickness de-
creases suggest that these morphological changes are caused by changes in
the polymer chain mobility. In this thicker film, many more edge-on lamellae
are present compared with the thinner 30-nm film, confirming that edge-on
lamellae are preferred in thicker films.

The topographical AFM images of poly(ethylene vinyl acetate) films with
various thicknesses ranging from 20 to 460 nm are shown in Fig. 33 [80]. The
bulk-like spherulites are seen in the 460-nm film. In thick films, the surface
morphology of the film is very similar to the bulk. As the thickness decreases
to 152 nm, more small spherulites are observed. This is possibly due to the
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Fig.33 AFM height images of the EVA films with thickness: a 460 nm; b 152 nm; ¢ 70 nm,
and d 20 nm. Scan size: 50 um [80]

fact that a larger number of nuclei can be formed as a result of the slower
crystallization growth rate. At the film thickness of 70 nm, the packing of the
spherulites becomes more open. When the film thickness further reduces to
20 nm, hedrites appear and the spherulitic boundaries disappear, as shown
in Fig. 33d.
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Fig.34 a Growth rate G as a function of crystallization temperature T, for different film
thicknesses of PEO-100 (Mw = 100000 g/mol). b G as a function of T, for different film
thicknesses of PEOpy-49 (Mw = 49 340 g/mol) [90]
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The lamellar growth rate is undoubtedly controlled by the chain mobil-
ity of the polymers. Schénherr and Frank measured the lamellar growth
rate of PEO and pyrene end-labeled PEO (PEOpy) with different molecular
weights [90]. The lamellar growth rates were determined by measuring the
width of the flat-on lamellae as a function of time. In films with a thickness
greater than 200 nm, the thickness does not have a significant effect on the
lamellar growth rate. However, in films with a thickness smaller than 200 nm,
the lamellar growth rate decreases markedly with the thickness of the film, as
shown in Fig. 34.

5
Formation of Spherulites

Figure 35 displays a series of AFM phase images obtained at 30 °C showing
the development of a lamellar sheaf into a spherulite [62]. A lamellar sheaf
finally develops into a spherulite through branching and splaying. Figure 35
also shows the formation of a pair of eyes at the center of the spherulite.
A higher resolution phase image of the eyes for another sample obtained
at 30 °C reveals that the eyes consist of only the flat-on lamellae, as shown
in Fig. 36. One possible explanation is that as the edge-on lamellae start to
propagate along the perimeter of the eyes, the strain energy increases due to
the bending of the lamellae, as shown in Fig. 35d-f. In order to propagate in
a lower energetic state, flat-on lamellae become the preferred orientation be-
cause they can fill up the space in the eyes without causing any bending of the
lamellae. The diameter of the eyes typically ranges between 1 to 2 microns, as
shown in Fig. 36.

Figure 37 is another series of phase images obtained at room temperature
showing the formation of a spherulite from a lamellar sheaf and the contact
of two spherulites. The primary embryo can form in the bulk and grow to
the surface forming the angle-view lamellae. Through induced nucleation, the
angle-view lamellae propagate to form edge-on lamellae at the surface and
the edge-on lamellae spread across the film surface to form a spherulite. Fig-
ure 37 shows the growth process of the edge-on lamellae that are bred by
the angle-view lamellae. It is noted that the size of the symmetric eyes at the
center of the spherulite also grows with time. The growth rate of the eyes is
slower than that of the edge-on lamellae, see Fig. 37a-f. The growth of the
eyes is arrested upon contact with the edge-on lamellae around them (see
Fig. 36).

These observations reveal that the periphery of the developing spherulites
is not as smooth as that observed under OM. The growth front of the
spherulite looks like a hedgehog and the lamellar stack develops into
a spherulite shape only near the end of the growth, as shown in Fig. 37.
Furthermore, at the early stage, the spherulite is not round in shape.
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Fig.35 Phase images showing the growth of a spherulite of BA-C8. The time interval be-
tween the images was 14.2 min except for the interval between (c) and (d) which was
53 min [62]

Fig.36 Phase image shows the structure of the eyes at the center position of a spherulite
of BA-C8 [62]
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Fig.37 A series of AFM phase images showing the formation of a BA-C8 spherulite [60]

6
Heterogeneous Nucleation

The previous sections described the growth process of spherulites induced
by homogeneous nucleation. Heterogeneous nucleation, which can be iden-
tified by observation of lamellae growing in radial directions normal to the
surface of the nucleus [17], was also studied. Figure 38 is a series of phase
images obtained at room temperature showing heterogeneous nucleation and
the spherulitic growth process [62]. The images, which are 10 pm x 10 um
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Fig.38 Phase images showing the growth of a heterogeneously nucleated BA-C8
spherulite. The time interval between the images was 14.8 min [62]

in size, were taken at 30 °C. Figure 38a shows six edge-on lamellae growing
normal to the surface of a nucleus. More edge-on lamellae continue to de-
velop at the surface of the nucleus and grow outward radially (c.f., Fig. 38b).
Subsidiary lamellae develop from induced nuclei (Fig. 38c). Branching and
splaying continue and eventually a small spherulite is formed (Fig. 38d).

The structure of heterogeneously nucleated spherulites is different from
the structure of homogeneously nucleated spherulites. First, in a heteroge-
neously nucleated spherulite, several lamellae can simultaneously develop on
the surface of the nucleus. In a homogeneously nucleated spherulite, only
one founding lamella is developed from a primary nucleus and all other
lamellae are subsidiary lamellae originating from the founding lamella. In
a heterogeneously nucleated spherulite, all lamellae grow into the melt in
a direction normal to the surface of the nucleus. As a result, the spherulite
has spherical symmetry starting even at the very early stage. No lamellar
sheaf is seen. Consequently, the spherulites do not have a pair of eyes at their
center.
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Another spherulite formed as a result of homogeneous nucleation can
be seen at the lower right side of the heterogeneously nucleated spherulite.
These two spherulites grow and eventually impinge on each other as shown
in Fig. 38g-i. It is interesting to note that the boundary is formed by the in-
terpenetration of lamellae from the two spherulites. These results suggest that
the spherulitic growth process can significantly affect the mechanical proper-
ties of semi-crystalline polymers.

7
Summary

During the last five years, AFM has demonstrated its capabilities as a re-
markable tool for studying the crystallization processes of semi-crystalline
polymers. It can provide real time and real space information in resolutions
ranging from nanometers to micrometers. AFM results have shown that the
appearance and disappearance of embryos as predicted by thermodynamics
have been observed. The development of the founding lamella from a sta-
ble nucleus and the branching and splaying of the subsidiary lamellae from
the founding lamellae, forming a lamellar sheaf, have been revealed by AFM
in detail. In addition, the detailed development of spherulites from lamellar
sheafs has been observed. With the development of hot-stage AFM, the ki-
netics of polymer crystallization can now be studied at different temperatures
in real time. It is anticipated that many significant advances in the study of
polymer crystallization will be made in the years to come.
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Abstract This review highlights several aspects of the toughness of S-nucleated poly-
propylene (PP). The focus is on dynamic fracture properties, a topic which is largely
documented in the literature. The role of intrinsic parameters like molecular weight,
polydispersity and matrix randomization has been discussed, that of extrinsic factors
like stress-state, processing conditions, test speed and temperature illustrated. Under de-
fined conditions, the toughness is also defined by the content and spatial distribution
of the B-nucleating agent. The increase in fracture resistance is more pronounced in
PP homopolymers than in random or rubber-modified copolymers. In the case of se-
quential copolymers, the molecular architecture inhibits a maximization of the amount
of B-phase; in that of heterophasic systems, the rubber phase mainly controls the frac-
ture behavior. The performance of S-nucleated PP has been explained in terms of
smaller spherulitic size, lower packing density and favorable lamellar arrangement of the
B-modification which induce a higher mobility of both crystalline and amorphous phases.
The damage process is accompanied by numerous microvoids, the development of which
has been utilized for breathable films. Other interesting application segments are fibers,
glass-fiber reinforced PP, thermoformable grades and piping systems.

Keywords Deformation mechanisms - Nucleation - Polypropylene - Toughness -
B-Crystalline structure (or f-modification - S-Phase)

Abbreviations

a-PP a-modification of isotactic polypropylene

pB-PP B-modification of isotactic polypropylene

y-PP y-modification of isotactic polypropylene

o high temperature relaxation of PP (DMA)

B angle relaxation at 0 °C of PP (DMA)

A1 first B-phase during DSC heat scan

B second B-phase during DSC heat scan

Y high temperature relaxation of polypropylene (DMA)
£ strain

Ecavl€ cavitational contribution to strain

Ebreak elongation at break

V; activation volume of the element motion unit for the process i
oy yield stress

0 angle

AH melt enthalpy (DSC)

AH(x) melt enthalpy (DSC) of «-PP
AH(B) melt enthalpy (DSC) of B-PP
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AHjpo%(c) melt enthalpy (DSC) of 100% crystalline «-PP
AHip0%(B8) melt enthalpy (DSC) of 100% crystalline -PP

AH; activation energy of the plastic flow for the mono-activated process i
Apy difference between the plateau stress and the yield stress
a crack length
length of the a-parameter of a unit cell
b length of the b-parameter of a unit cell
c length of the c-parameter of a unit cell
d displacement
de/dt strain rate
dF/dt initial slope of the force-time curve
dK/dt crack tip loading rate
fla/W) geometrical dimensionless factor
pc critical pressure
t time
v test speed
We specific essential work of fracture
B thickness
Cwp specific non-essential work of fracture
Dy average particle size in weight
E Young modulus, stiffness
Efimit elasticity limit
F force
Frnax maximum of force
Go growth rate of o-phase
Gg growth rate of B-phase
Gc critical energy release rate (LEFM)
Gp dynamic fracture resistance (LEFM)
Gini initiation energy
Gplast plastic energy
Gtot fracture energy
H height of a crystalline peak (WAXS)
IS impact strength
v intrinsic viscosity
Jid resistance to fracture (Integral J)
Kg B-content
Kc (critical) stress intensity factor (LEFM)
Kp dynamic fracture toughness (LEFM)
L lateral size of lamellae
LP lamellar long period
M, number average molecular weight
My, weight average molecular weight
MFR melt flow rate
MWD molecular weight distribution
NIS notched impact strength
dNIS double-edged notched impact strength
PI polydispersity
S order parameter of the S-phase
T temperature

Tc crystallization temperature
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Tab temperature at which ductile-brittle transition occurs
Tg glass transition temperature

Tm melting temperature

Ve cooling rate

W width

ZC size of diffuse whitened zone (on broken CT specimen)
ZI size of intense whitened zone (on broken CT specimen)
BSE back-scattering electron mode

CT compact tension

DMA dynamic mechanical analysis

DSC differential scanning calorimetry

EPR ethylene-propylene rubber

EWF essential work of fracture

LEFM linear elastic fracture mechanics

PP polypropylene

PP/EPR blend of PP and EPR, ethylene-propylene block copolymer
PTT phase transformation toughening

RCP rapid crack propagation

RuOy4 ruthenium tetraoxyde

SCG slow crack growth

SEM scanning electron microscopy

TEM transmission electron microscopy

WAXS wide angle X-ray scattering

1

Introduction

Among the three known crystalline structures (o, 8, y) of isotactic polypropy-
lene (PP), the B-modification is certainly the most fascinating one. While
the stable «-structure develops under standard process conditions, the oc-
currence of the g-form has to be forced (i) by directional crystallization in
a temperature gradient field [1-3]; (ii) by shear-induced crystallization [4-
12]; or (iii) by the addition of specific nucleating agents [13-31]. This latter
technique is preferred at the industrial scale.

The most commonly used nucleation agents are y-quinacridone (Perma-
nent Red E3B) [13,14,21,32-43], calcium pimelate or suberate (whichever
production method is used) [19, 23, 26, 28, 42, 44-47, 49-58] and N,N-dicyclo-
hexyl-2,6-naphthalene dicarboxamide produced by New Japan Chemicals—
better known as NJ Star NU-100—[17, 24, 27,59-69]. The reasons for their
success are (i) their ease of production; (ii) their stability towards humidity
and heat; (iii) their favorable organoleptics; (iv) their price; and (v) provided
that their concentration and processing have been optimized, their high nu-
cleating ability with the formation of more than 90% of the f-modification
(as measured by X-ray diffraction). This efficiency is thought to be related
to their crystallographic characteristics. Nucleating agents exhibiting a struc-
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tural periodicity with a spacing close to ¢/2 = 0.65 nm, the axis repeat dis-
tance of the PP-helix, are suspected to enable epitaxial growth of the g-PP
lamellae [27, 28, 43]. A detailed list of S-nucleating agents can be found in the
thorough paper of Varga [70].

It has been widely reported that S-nucleated PP exhibits a superior im-
pact performance as compared to their non-nucleated or a-nucleated homo-
logues [32, 36, 41, 50, 53, 63, 64, 71-84]. A review of the state of the art, includ-
ing our own partially unpublished investigations, will show the dominating
influence of the PP characteristics on the fracture resistance of B-nucleated
grades. The decisive effect of the strain-rate, temperature, type of loading
and processing on the resulting toughness will also be discussed. Moreover,
the specific damage mechanisms associated with the f-modification will be
commented upon based on the latest developments. Besides their improved
impact resistance, we will show how some of the outstanding characteris-
tics of B-nucleated PP have been successfully converted into commercial
grades. Special focus will be on pipe, microvoided films and thermoforming
applications.

2
Some Preliminary Information

2.1
Main Differences between the «- and 3-Modifications of PP

In both «- and B-modifications, the chains are packed in the lattice in
the form of right- or left handed 2 x 3; helices, but their crystalline struc-
ture differ. The a-modification is monoclinic with a = 6.61-6.66 A, b =
20.73-20.98 A, ¢ = 6.495-6.53 A and f = 98.5-99.62° [85-89]. Depending on
the packing of its “up” and “down” helices (which accounts for the orienta-
tion of the methyl groups with respect to the chain axis), its space group is
either C2/c (random packing of — CH3z group) or P21/c (alternating packing
of — CH3 group) [88-91]. This latter, typical for low undercooling or anneal-
ing at elevated temperatures, is the most stable one [90-92]. The «-form
is characterized by auto-epitaxial growth of lenticular lamellae, elongated
in the [100] direction, giving rise to the so-called “cross-hatched” morph-
ology in which two distinct populations of lamellae are arranged with their
long axes roughly perpendicular locally [93,94]. The induced «-spherulitic
structures differ from those of the B-form in their size (50-100 um for the
non-nucleated «-form towards 1-10 pum for the §-phase) and in their bire-
fringence, making it possible to distinguish both modifications in an optical
microscope with polarized light. The B-spherulites often exhibit banded tex-
tures, as a result of the relatively broad g-lamellae (about 30 nm) which form
coplanar stacks whose plane tends to twist about the growth direction [93,
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95]. From a nanoscale point of view, B-PP crystallizes in a hexagonal form
witha=b=11.01 A and ¢ = 6.49 A (the space group is probably P3;) [86, 96—
98]. It belongs to a class of polymers which displays a “frustrated” structure,
referring to the fact that the helices in the unit cells have different azimuthal
settings [37,99-101]. The relative amounts of o- and B-forms in a sample are
controlled by intrinsic molecular parameters and extrinsic factors. They will
be discussed in detail in Sect. 3.2.

2.2
Quantification of the Amount of 5-Modification

The unique proper way to quantify the amount of B-modification is based
on the X-ray diffraction pattern of a PP sample (Fig. 1). Two peaks stand for
the B-crystalline phase in a wide angle X-ray scattering (WAXS) trace: that at
20 = 14.2° representing the (300) plane and that at 20 = 21° accounting the
(301) plane. The content of the 8-form is determined by the widely accepted
empirical equation of Turner-Jones [86]:

_ H(300)
F = H(300) + H,

where H(300) is the height of the 8 300 peak at 20 = 16.2° and H,, is the sum of
the heights of the o peaks at 26 = 14.2°, 17° and 18.8° which correspond to the
respective (110), (040) and (130) planes. It is also possible to derive an order
parameter S for the  phase from [102]

_ H(300)
~ H(300) + H(301)

where H(301) is the height of 8 301 peak at 26 = 21°. The higher S, the higher
the order of the S-phase.

In practice, differential scanning calorimetry (DSC) is often used in labo-
ratory routine as a rapid and quite reliable alternative to WAXS to estimate
the content of the g-crystalline structure in a specimen. It can, however, not
be considered as an exact method since melting and re-crystallization of
the B-form during the scan is suspected, leading to a S/« phase transform-
ation, which might at least be partly responsible for the endothermic peak
at around 160-170 °C, characteristic for the ¢-modification [70]. In samples
submitted to a classical scanning program (+ 10/ - 10/ + 10 Kmin™!), two
endothermic peaks attributed to the S-form can occur (Fig. 2). Their melt-
ing temperature, Tr,, taken as the maximum of the peaks, depends mainly
on the cooling rate of the sample. While the first peak is always present
and considered to reflect the melting range of the more or less disordered
B-PP (the higher Ty, the more ordered the S-modification), the second one
appears more sporadically, often during the first heating. It has been at-
tributed either to (i) the melting of the original 8;-phase into a more stable

1)

(2)
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Fig.1 WAXS diffraction pattern of a S-nucleated sample

Ba-structure during scanning [45, 46]; or (ii) to a perfection and thickening
of existing lamellae without any change in geometry and order of the crys-
tals [51]. Since the first heat scan accounts for the thermal history of the
sample, the S-content is traditionally measured during the second heat in
order to compare grades regardless of the way they were originally manu-
factured. According to our experience, if the melting enthalpy of the g-
form contributes to 80% or more out of the total enthalpy, the nucleating
agent can be considered as highly active and selective. The determination
of the degree of crystallinity of both «- and B-phases is hazardous because
the values of the melting enthalpies of both pure crystalline forms are not
known with precision ranging from 146 to 240]g‘1 for AH(x) [103-107]
and from 113 to 195]g‘1 for AH(B) [103,104,108]. Based on a combina-
tion of classic WAXS measurements and original DSC configurations (e.g.
cooling down of the nucleated molten PP sample to 100 °C only in order to
avoid a S/« - recrystallization during the second heat [70, 109, 110]), Chen
et al. proposed the most probable AHjgpe(cr) and AHjpo(B) to be respec-
tively 177 and 168.5] ¢! [78]. A supplementary way to control the efficiency
of a B-nucleation is to measure the crystallization temperature, T¢, during
the cooling stage. The higher the difference in T, between the non-nucleated
and the corresponding B-nucleated grade is, the more developed is the -
phase. However, T, is dependent on the cooling rate: the lower the cool-
ing rate is, the higher is T.. Recent data from Marco [27] showed T, to
evolve—for a 0.05 wt % NU-100 nucleated PP—following (with V¢, the cool-
ing rate):

Tc=-4.621n (V.) +135.7 (3)
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Fig.2 DSC traces of a B-nucleated grade with cooling rates ranging from 2 to 100 K min™!
obtained in the second scan with a heating rate of 10 Kmin~!. The melting point,
Tm, of the Bi-modification is linearly correlated with V¢, the cooling rate, following:
T = - 1.5641n(V,) + 153.57(R? = 0.9932)

Optical microscopy offers an interesting possibility to characterize the
B-phase, as a result of the differences in birefringence between the g-
and «-crystals [93]. Its use will be highlighted in different sections of this
manuscript. Although image analysis could provide some semi-quantitative
information about the amount of the B-fraction, the optical micrographs are
generally evaluated qualitatively by the eyes of a man-of-the-art as control for
the WAXS/DSC data.

2.3
Assessment of Mechanical Performance

This section aims to summarize the main ways classically used to assess the
mechanical performance of a material. For some of them, a more precise de-
scription will be given in the relevant sections.

Toughness represents the ability of a grade to dissipate energy during load-
ing. In industrial routine, the determination of notched impact strengths
is well established. It consists of measuring the energy to break of a stan-
dardized specimen under dynamic load conditions (from 1 to 4 ms™!) with
strikers of given nominal energy. They rely on international standardized
procedures (e.g. ISO 179 for the Charpy test or ISO 180 for the Izod one). In
sophisticated experimental setups, the displacement of the specimen during
deformation can be recorded. From the load-displacement curves, it is pos-
sible to gain detailed information about the fracture behavior of the studied
grades.
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In Charpy-like tests, a severe triaxial stress state prevails at the sample
crack tip. Softer modes of loading can be of interest for specific applications.
Biaxial tests like impact falling weight are therefore often used. Plaques of de-
fined dimensions are impacted with a hemispherically tipped dart of given
diameter at selected test speed(s) (often 3 m s~ and more).

Besides their inherent dynamic effects, one of the weaknesses of the pre-
vious mentioned tests is that they constitute single points of measurements:
they are performed at one test speed and one temperature. To somewhat
simulate the viscoelastic behavior of polymers, measurements over a wide
range of temperatures or test speeds have to be carried out. The target of
such experiments is to determine the brittle/ductile transition of the inves-
tigated materials: the lower the temperature (or the higher the test speed) at
which the transition occurs, the tougher are the grades. Basically they can
be assessed with any kind of loading provided that the testing machines are
equipped with a climate chamber and/or with the possibility to vary the test
speed. If the fracture history of the samples cannot be recorded the unique
variable is the energy to break; if not, several relevant parameters can be fol-
lowed (maximum load, energy to yield, ...). However, the fracture parameters
used in this paper are not (or seldom) intrinsic (e.g. geometry independent)
values and should be considered as toughness descriptors intended to rank
materials.

Besides impact testing, quasi-static measurements are carried out to as-
sess the Young modulus, E, the yield stress, oy, and the elongation at break,
Ebreak> a8 the most current parameters. They follow international standards
(e.g. ISO 527 for tensile tests, ISO 178 for bending measurements).

Many of the studies use the melt flow rate (MFR) as an indirect indicator
of the molecular weight, My, of PP and their blends. We will stick to this pro-
cedure. To facilitate the understanding of this review, a rough correlation be-
tween MFR and M,, is provided in Eq. 4. The molecular weights (in g mol™)
of a model series of PP produced with the same (but specific) Ziegler-Natta
4th generation catalyst system and identical reactor settings have been meas-
ured by SEC (size exclusion chromatography) using a polystyrene calibration.
Their MFR (230 °C/2.16 kg) ranging from 0.3 to 40 dg min~! have been deter-
mined according to ASTM 1238 [111].

My, =- 155000 In(MFR) + 750000 4)

3
Toughness in S-Polypropylene

The mechanical performance of a polymer is governed by its intrinsic mo-
lecular architecture (e.g. molecular weight, tacticity, polydispersity, ...) and by
extrinsic parameters such as the test speed, the test temperature, the stress
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state and the processing conditions. They will be reviewed for 8-PP, a field for
which numerous literature data are available. However, the proposed conclu-
sions are globally valid for filled and rubber-modified g-PP.

3.1
Influence of Intrinsic Characteristics

3.1.1
Influence of Molecular Weight

The fracture resistance of a homopolymer is controlled by (i) the number of
tie-molecules, which act as stress transducers between the crystallites; and
(ii) by the disentanglement resistance of the individual chains [112-115].
The higher the molecular weight, the more likely both factors are high; -
nucleated polypropylene does not infringe this rule [33, 72, 74, 116].

To confirm it, PP resins with melt flow rates, MFR, from 0.3 to 40 dg min~!
have been produced [111]. Calcium pimelate, the proprietary technology of
Borealis, has been used as a B-nucleating agent. The grades were consid-
ered to be fully nucleated, since their S-content, measured by DSC (2nd scan,
10 K min~!), was about 80% (& 2%). Their performance was compared with
that of the corresponding non-nucleated materials, which exhibit an almost
pure «-crystalline structure.

As obvious from Fig. 3a, the flowability of the resins has a strong influ-
ence on their impact behavior at room temperature assessed by their Charpy
double edge-notched impact strengths (ISO 179/1fA). As expected, for both
non-nucleated and S-nucleated series, a higher molecular weight favors the
resistance to crack propagation due to the high density of inter- and in-

dNIS(23°C) [kJ.m2] (@ , ANIS(-20°C) [k.m?] (b)

70 4
A non-nucleated 10 A A non-nucleated

60

W PB-nucleated

W P-nucleated

50 -
40 4
30 -

20 A

0.1 1 10 100 0.1 1 10 100
MFR [dg.min™!] MFR [dg.min™!]

Fig.3 Evolution of the double edge-notched impact strength, dNIS, with the logarithm of
the melt flow rate, MFR, a at room temperature and b - 20 °C. The test speed was about
3.8 ms™!, the specimens were injection molded
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tralamellar links which promotes shear deformation and thus matrix flow.
Moreover, the B-PPs perform significantly better than their non-nucleated
counterparts over the whole range of MFR at 23 °C. At low temperatures
(Fig. 3b), this improvement is less pronounced and disappears for melt flow
rates higher than 2 dg min~'. The ratios between the fracture energies of the
B-nucleated and non-nucleated grades at defined MFR are given in Fig. 4.
They decrease with increasing MFR, slightly at room temperature, more
sharply at - 20 °C. However, it cannot be concluded from these values that

dNIS (ratio) [-]
[J
2.5 4
[ ]

2 i
15 4

! ® T=23°C =
05 | |OT=-=0°C

0 T T

0.1 1 10 100

MFR [dg.min"]

Fig.4 Ratios between the double notched impact strengths of B-nucleated and non-
nucleated grades in between melt flow rates, MFR, of 0.3 to 40 dgmin~' at room tem-
perature and - 20 °C. The test speed was about 3.8 ms™!, the specimens were injection
molded

G, [KI/m?] @ G IKI/m?] ®)
00 70
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30 4 W B-nucleated
70 4 50 4 O non-nucleated
601 40
50 q
40 301
30 A 20 A
20
M B-nucleated
B-nucleates 10 4

10 4 O non-nucleated
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-50 0 50 100 150 -50 0 50 100 150

Fig.5 Evolution of the fracture energy, Gior, with the temperature, T, for non-nucleated
and B-nucleated resins with different flowabilities: a MFR: 0.3 dgmin™' and b MFR:
2dgmin!. The ductile-brittle transition temperature was chosen in a somewhat arbi-
trary manner as the temperature corresponding to half of the maximum of G in the
considered MFR range. It reflects the transition from a semi-ductile to a fully ductile be-
havior, without breaking of the tested specimen. The test speed was about 1.5ms™!, the
specimens were injection molded
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B-nucleation is less effective with a low molecular grade than with a high
molecular one. The temperatures at which the ductile-brittle transitions, Tgp,
occur for selected non-nucleated and B-nucleated sets support our conclu-
sion (Fig. 5): B-nucleation lowers the T4, by about 50 °C independently of
the flowability of the neat polymer. Although these tests were performed with
single notched specimens, they can be correlated to a certain extent to those
carried out on double-edge notched specimens. Sect. 3.2.4 deals in more de-
tail with the influence of the local stress concentration on the mechanical
responses of 8-iPP.

3.1.2
Influence of Polydispersity

The molecular weight distribution (MWD) of a PP can be controlled either
during polymerization or in a compounding step. While high polydisper-
sity (broad MWD) is achieved in the reactor by polymer design, a narrow
M,, /M, distribution can be obtained by peroxide visbreaking (which induces
a concomitant reduction of My). The use of selective catalysts allows both
possibilities.

Studies dealing with the influence of MWD on the toughness of S-PP are
sparse. A metallocene 5-PP, the archetype of a material with a narrow poly-
dispersity (PI: 2-3), was recently shown to exhibit a lower relative increase of
the fracture resistance (between its non-nucleated and S-modified versions)
than its Ziegler-Natta (ZN) homologue (PI: 5-6) [117]. This result was at-
tributed to the worse crystallization ability of a single-site grade—resulting in

Table 1 Influence of visbreaking on the fracture toughness (NIS according to 179/1eA)
and stiffness measured in bending after ISO 178, Epending> Of non-nucleated and g-
nucleated grades. CR means controlled rheology, PI polydispersity. AH(«) is the melt
enthalpy of the a-phase (2nd scan), AH(B) that of the B-modification (2nd scan),
Tc is the crystallization temperature determined by DSC with the scanning program:
+10/-10/ + 10 Kmin™

MER final MEFR initial Visbreaking Polydispersity Nucleation NIS(23°C) Epending

[dgmin~'] [dgmin'] [yes/no]  [-] [no/p] Wm?]  [-]

8.5 8.1 no 5.9 no 3.1%0.1 1435
8.5 0.2 yes 3.4 no 41403 1220
8.4 0.7 yes 34 no 3.61+0.2 1265
8.6 8.1 no 5.9 B 7.3+0.2 1285
7.9 0.2 yes 3.4 B 7.81+0.2 1110
8.1 0.7 yes 3.4 B 7.31+0.2 1180
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a two times higher crystallization half-time in between 115 and 130 °C—and
correlated to its enhanced amount of chain folding irregularities [118].

Table 1 summarizes our own conclusions for controlled rheology (e.g. vis-
broken) grades. The benefits of visbreaking 8-PP are limited and dependent
on the degradation length. Two competitive effects seem to govern the impact
resistance of f-modified products: their narrower My, /My, known to improve
the toughness (as confirmed in Table 1 for non-nucleated grades), and their
somewhat lower crystallization temperature, T, and crystallinity (assessed by
the melt enthalpy of the main DSC peak) compared to the reactor grade, lead-
ing to reduced mechanics. As a result, because visbreaking has a detrimental
effect on stiffness, peroxide degradation of B-nucleating grades makes little
sense.

3.13
Influence of a Matrix with Low Ethylene Content

Random E/P copolymers consist of PP chains in which small amounts of
ethylene (C;) are more or less randomly distributed. The C; units act as
defects for the regularity of chain configuration and reduce the overall crys-
tallinity of the polymer.

The consequence of this matrix disturbance is nicely illustrated in Fig. 6
for grades with a melt flow rate of about 1g/10 min containing 0, 4.6 and
8.3 mol % randomly distributed ethylene. The development of the S-phase is
progressively slowed down, before being stopped with an increase in the frac-
tion of comonomer; at 8.3 mol %, almost only a-crystals are present in the
system (Table 2). Although the fracture resistance is positively correlated with
the ethylene content of the S-nucleated resins, a weaker relative impact en-

NIS(23°C) [kJ.m2] (a) degree of NIS variation [-] (b)
2

40

W non-nucleated W non-nucleated

35 4 1.8 _

[A o-nucleated + 1.6 4 [A o-nucleated
301 O P-nucleated 14 4 O PB-nucleated
25 A 12 4

0.8 4
0.6 4
0.4 4
0.2 4

0 4.6 83 mol% C, 0 4.6 8.3 mol% C,

Fig.6 Notched Impact Strengths (NIS) of the non-nucleated, ¢-nucleated and $-nucleated
resins investigated in Sect. 3.1.3; a absolute values; b relative values, the non-nucleated
grade having been taken as reference for each C,-content. The test speed was about
3.8 ms™!, the specimens were injection molded
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Table2 Main characteristics of the investigated resins of Sect. 3.1.3. All data have been
measured on DSC scans with a program of + 10/ - 10/ + 10K, T¢ is the crystallization
temperature, AH(«) and AH(B) the enthalpy of fusion of resp. the « and S-forms (2nd
scan)

Material Nucleation C,-content MFR T AH(a) AH(B) pB-Content
[no/a/B] [mol] [dgmin~'] [-] gl Ug'l %

N-0 no 0 2 111.5 96

-0 o 0 2.1 120.9 102.5

B-0 B 0 2.3 122.5 18.4 100.4 85

N-4 no 4.6 2.1 104.1 88.7

o-4 o 4.6 2.2 110.1 87.8

B-4 B 4.6 2.1 108 27.3 69.5 72

N-8 no 8.3 2 95.5 62.4

-8 o 8.3 2.2 96.7 69.8

B-8 B 8.3 2.1 96.2 65.4 0.4 1

hancement is observed with C,-rich random E/P copolymers when compared
to their corresponding non-nucleated and «-nucleated counterparts. Hence
a toughness improvement of 75% is reached with f-nucleating a neat ho-
mopolymer; only 20% is gained with the copolymer with 4.6 mol % of C, and
nothing with the one with 8.3 mol % of C, (considering the standard devia-
tion of the measurements).

These observations are in accordance with those of Fujiyama [38],
Zhang [46, 119], Varga [10,51,56] and others [78,120]. They might be ex-
plained by a combination of thermodynamic and kinetic effects. On the one
hand, a preferential development of a-crystals arises from the lower growth
rate of the B-phase (Gg) compared to that of the a-phase (G,) over a wide
range of temperatures in random E/P copolymers [51, 70, 110, 121], the cross-
over temperature for which Gg > G, being shifted to lower temperatures with
increasing ethylene content [70]. On the other hand, a thermodynamically
controlled transition from B- to a-crystallization has been proposed to lead
to the formation of w-lamellae on the surface of growing B-spherulites re-
sulting in of-twin-spherulites during cooling [122,123]. This phenomenon
might be lowered by increasing the density of the B-nuclei in the resin, e.g. by
increasing the concentration of the nucleating agent, as remarked correctly by
Varga [51].
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3.2
Influence of Extrinsic Parameters

3.2.1
Influence of the Content of Nucleating Agent

The forced development of the B-PP modification by addition of selective
nucleating agents is a heterogeneous nucleation process. The growth of the
B-phase is governed by the number of nuclei present in the system. Increas-
ing the content of the nucleating agent can therefore be thought to promote its
efficiency in terms of preferential development of g-lamellae and subsequent
improvement of fracture resistance up to a saturation level.

This expectation was confirmed using calcium pimelate as the nucleat-
ing agent in a concentration range up to 3000 ppm. The evolution of the
microstructure as observed in polarized light microscopy with increasing
amounts of B-promoter is given in Fig.7. The 50 um large o-spherulites
disappear progressively, leading to a finer and finer S-superstructure char-
acterized by spherulites of about 1 to 5um. Fig. 8 highlights the evolution
of the amount of B-phase, the crystallization temperature and the mechani-
cal performances (fracture resistance at 23 °C and stiffness) as a function of
the amount of calcium pimelate. The base resin is fully nucleated at a con-
centration of 500 ppm of calcium pimelate as obvious from Fig. 8 from the
B-PP amount (> 80%) and by the crystallization temperature assessed by DSC
(cooling program: + 10/ - 10/ + 10 Kmin™'). Above this concentration, this
nucleation level could be maintained as shown by the plateau values exhib-
ited by both parameters. Compared to the neat base polymer, this almost
complete B-nucleation is accompanied by high fracture resistance values
(+ 800%) and by a decrease of 200 MPa of the flexural stiffness (- 15%). How-
ever, with other nucleating agents the impact toughness of 8-PP goes through
a marked maximum with increasing the amount of the -promoter. This is ac-
tually the case for a concentration of about 0.01% of y-quinacridone [21, 32,
36, 124] and around 0.03% of N,N-dicyclohexyl-2,6-naphthalene dicarboxam-
ide [63, 64, 68, 84, 125] as described in Fig. 9 and 10 and confirmed by various
groups. This phenomenon could have been partly foreseen by WAXS (Fig. 9),
but neither by DSC (Fig. 10) nor by the crystallization temperature of the
B-phase (Figs. 9 and 10). Sterzynski has suggested that this maximum re-
sults from a synergy between a higher germination density and the respective
growth kinetics of the « and 8 crystal structures [42]. Recent convincing ex-
periments based on NU-100 as the nucleating agent have correlated it with
a minimum in the lateral size of the B-crystallites and with a maximum in the
long-period of the B-phase [64]. The key role of the amorphous phase in the
deformation process and thus on the impact toughness has been pointed out.
Since the size of the amorphous phase is positively correlated with that of the



58

e

Fig.7 Evolution of the spherulitic structure of PP with increasing amounts of cal-
cium pimelate (from 0 to 2000 ppm) leading to increasing amounts of S-modification as
observed by optical microscopy. Micrographs (425 x 650 um) kindly provided by J. Wolf-
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Fig.8 Evolution of the amount of S-phase (DSC), the crystallization temperature, T, and
the mechanical performances (fracture resistance at 23 °C and stiffness) as a function of

the amount of calcium pimelate
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Fig.9 Evolution of the amount of B-phase (WAXS), the crystallization temperature, T,
and the mechanical performances (fracture resistance at 23 °C and stiffness) as a function
of the amount of y-quinacridone. Data adapted from Fujiyama [21]
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Fig. 10 Evolution of the amount of B-phase (DSC), the crystallization temperature, Tc, and
the mechanical performances (fracture resistance at 23 °C and stiffness) as a function of
the amount of N,N-dicyclohexyl-2,6-naphthalene dicarboxamide (NU-100)

long period, the maximum in toughness has been attributed to easier matrix
flow arising from the increased molecular mobility of the system.

3.2.2
Influence of the Type of Nucleating Agent

Under standard processing conditions, PP crystallizes in between 5 and nearly
100% in the B-modification depending on the nature of the B-nucleating
agent [13-31,126,127]. Industrially, only highly selective S-promoters are
of interest since the toughness is positively correlated with the g-content in
a more or less straightforward way (see Sect. 3.2.2).

The interconnection toughness/S-content has been nicely illustrated by
Tordjeman et al. [76]. A special sample preparation procedure made it pos-
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sible to vary the amount of 8-phase without changing any other parameter,
especially not the size of the spherulites (which is known to influence dramat-
ically the fracture resistance). Essential Work of Fracture (EWF), a fracture
mechanics method for ductile mode of deformations, was used for data re-
duction. The near plane-stress essential work of fracture, w. (expressed in
Jm2) accounting for the energy needed to create two new surfaces during
loading, was shown to evolve linearly with the amount of B-phase in the sam-
ple. For three-point bending tests performed with 3 mm thick specimens at
500 mm min~', it can be described by:

we ~ 65.2 Kg + 999 (5)

where Kg is the amount of B-phase in % measured by DSC. Under the same
test conditions, the non-essential work of fracture, Cw, (in J m™3), account-
ing for the volumetric plastic energy associated with the damage process,
correlates also linearly with xg following:

Cwp ~ 1.5Kp + 272 (6)

Moreover, other more classical mechanical descriptors like yield stress, Young
modulus or elongation at break evolved also monotonically with Kg.

Historically, y-quinacridone has been the first nucleating agent used. Its
activity at lowest concentrations made it extremely attractive. However, alter-
natives had to be found since the induced red coloration was penalizing for
numerous applications. Fujiyama has used quinacridonequinone [21], which
gave a slight yellow coloration; Borealis has developed its colorless nucleating
agents [19] as well as Atofina [25] or New Japan Chemicals with the commer-
cial N,N-dicyclohexyl-2,6-naphthalene dicarboxamide (e.g. NU-100) [17].

Systematic studies about their relative mechanical performance are rare.
The pioneering work of Fujiyama who compared y-quinacridone with
quinacridonequinone shows in an incontestable way the non-equivalence of
different highly efficient B-promoters [21]. For an optimal concentration, the
B-nucleated resins differed in their notched impact strength, yield stress,
elongation at break and elastic modulus. Our own investigations confirmed
this feature.

A series of iPP with different flowabilities was tested. They were nu-
cleated with 0.1% calcium pimelate (Ca-Pim), 0.1% NU-100 or 0.002% y-
quinacridone. The S-content of the materials was measured by DSC (2nd
scan, 10 Kmin™); it was not dependant on the MFR of the resins and was
about 80% for Ca-Pim, 86% for NU-100 and 84% for y-quinacridone, sug-
gesting the resins to be fully nucleated. The results for the notched impact
toughness tested at 23 °C (NIS 179/1eA) are reported on Fig. 11a (absolute
values) and in Fig. 11b (relative values, normalized by the NIS of the non-
nucleated iPP). Except for NU-100 above a melt flow rate of 15 g/10 min,
B-nucleation increased the room temperature toughness of PP homopoly-
mers. The following conclusions could be drawn:
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e pB-nucleation promotes energy dissipation in a range of MFR from 0.2 to
40 g/10 min;

e the apparent efficiency of S-nucleation depends on the MFR: the higher
the MFR is, the lower is the apparent efficiency of f-nucleation;

e the three nucleating agents exhibit specific field and/or level of perform-
ance: while calcium pimelate efficiently promote toughness over the whole
range of MFR, NU-100 was rather adapted for low flowable resins (up to an
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Fig.11 a Notched impact strengths, NIS, at room temperature for non-nucleated, calcium
pimelate nucleated, NU-100 nucleated and y-quinacridone-modified PP homopolymers
over a wide range of MFR; b degree of fracture resistance improvement with the different
nucleating agents—the values are normalized with the NIS of the non-nucleated cor-
responding neat resin taken to evolve as follows: NIS(non-nucleated) = - 1.26 In(MFR) +
6.01. The test speed was about 3.8 ms™!, the specimens were injection molded

&, [%] (a) E, . [MPa] (b)
600 break 1800 tensile
J o)
500 n 1700 ©
1600 -
400 4 1500 A & a8
+
300 + 1400 - m
A non-nucleated ]
200 4 o 1300
W Ca-Pim 1200 |
100 1 |©NU-100 0o A non-nucleated M Ca-Pim
+ y-quinacridone O NU-100 + Y-quinacridone
0 T T 1000 T T
0.1 1 10 100 0.1 1 10 100
MFR [dg.min™] MFR [dg.min"]

Fig.12 a Elongation at break, gpre,k, and b Young modulus, E, for the non-nucleated,
calcium pimelate nucleated, NU-100 nucleated and y-quinacridone-modified PP ho-
mopolymers over the investigated MFR range. The test speed was 50 mm min~' for the
determination of peak, 5 mm min~! for the evaluation of E. The specimens were injection
molded dog bones



62 C. Grein

MER of 2 dgmin™') and y-quinacridone exhibits an intermediate behav-
ior.

These conclusions were consolidated with tensile tests performed at moderate
strain rates (Fig. 12, v=5mm min~!, de/dt ~ 1s71). The elongation at break,
Ebreak> 18 an indirect indicator for energy dissipation [Fig. 12(i)]. As expected,
by analogy with the impact tests, epe i decreased with increasing MFR. The
lower efficiency of NU-100 in the higher MFR range was obvious: the resins
became as brittle as the non-nucleated homopolymers. This might be linked
to the stiffness of the resins, which was at the same level as the corresponding
neat PP (Fig. 12b).

3.23
Influence of Processing Conditions

The development of the S-modification is controlled by the relative crystal-
lization thermodynamics and kinetics of the stable «-modification and of the
smectic phase towards the metastable S-phase. For PP homopolymers, it is
generally accepted that under isothermal conditions, the ¢-phase grows more
rapidly at temperatures below 105 and above 140 °C than its counterpart,
which in turn is more prone to develop in between these two temperatures
in the presence of selective B-promoters [52,70,122]. An elegant way to get
fully nucleated B-PP specimens would consist of pressing S-PP pellets above
their melting temperature (ideally more than 250 °C to erase any «-nuclei in
the system), cool the melt quickly up to a crystallization temperature in be-
tween 100 and 130 °C, let the sample crystallize, and then quench it to room
temperature [70]. However, such a processing method is too time-consuming
to be of industrial relevance.

Much of the experimental data dealing with 8-PP films, fibers, pipes, com-
pression and injection molded specimens might be explained by considering
(i) the cooling rate; (ii) the shear rate which develops during processing; and
(iii) the thickness of the end-product. Indeed, due to the poor heat transfer
in PP, the temperature gradient within the sample and/or between the sam-
ple and its environment drives the development of any PP-structure to a large
extent.

In thin specimens (e.g. films and fibers to oversimplify), moderate cooling
rates are preferred: they promote the development of the B-phase in tempera-
ture ranges where 8-PP competes with the smectic/mesomorphic phase (high
cooling rates/quenching) or with the ¢-modification (very low cooling rates).
This can be achieved by increasing the temperature of the cooling medium
in which the polymer is immersed after processing (air/water) [34, 128, 129],
by increasing the fiber diameter [128, 129], by increasing the cast/chill roll
temperature (up to the optimum temperature to get 8-PP in a pure form,
e.g. 100-110 °C) [130] and by monitoring the extrusion/spinning tempera-
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ture [128, 131, 132]. In the case of fibers, their stabilization temperature (in
between 110 and 160 °C) and draw ratio should be kept as low as possible
within the frame of the application to limit a 8/« heat-induced transform-
ation [128, 133, 134]. Moreover, because of the limited formation of shear-
induced a-nuclei, low extrusion/spinning/take-up speeds have been shown
to favor the growth of g-PP in general [70, 129, 132-135], with the exception
of that shown in [128]. They are, however, detrimental for the throughput.

In thicker specimens, the development of a-spherulites at temperatures
above 130 °C can be avoided by setting faster cooling rates. Once the nu-
clei have germinated, the ¢-modification is, indeed, thought to grow further
even if the local temperature would be favorable to the development of the
B-phase [70, 122]. This is especially the case for compression molded samples
where the molecular orientation is marginal and has a negligible influence
on the crystallization process. The influence of the cooling rate on the im-
pact toughness of y-quinacridone nucleated PP is exemplified in Fig. 13.
Four millimeter thick samples were pressed at 250 °C; they were cooled (i)
slowly (by allowing the specimens to cool down in the mold, V. ~ 2 Kmin™');
(ii) in a “conventional” way at 10 Kmin™!; and (iii) rapidly (by cooling the
mold with cold water, V. ~ 20-30 Kmin™!). The mechanical performance
was assessed by determination of the ductile-brittle transition at constant
test speed (~ 1.5ms™!) of notched samples over a broad temperature range
using an instrumented Charpy pendulum. A gap of 40 K could be recorded
between both cooling extrema: while the fastest cooling rate lead to a ductile-
brittle transition temperature, Tqp, of about 6 °C, the slowest exhibit a Tqp
around 40-50 °C. This feature could be correlated with the micromorphol-
ogy of the materials: excellent impact performance was associated with the
smallest spherulitic size (Fig. 14). For injection molded grades, things be-
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Fig. 13 Influence of the cooling rate on the impact performance of f-modified PP (MFR:
0.3 dgmin™!). The specimens were compression molded and tested at 1.5ms™!. The ar-
rows indicate the temperature at which the ductile-brittle transition occurred



Fig. 14 Spherulitic structure of compression molded samples (core) obtained with differ-
ent cooling rates: a rapid, b conventional and ¢ slow

come even more complicated. In general, the observed superstructure is
smaller than for the corresponding compression molded grades because this
latter is associated with a less rapid quenching. As a consequence, injec-
tion molded B-PP is, as expected, more resistant to crack propagation than
its pressed counterpart. Data sets from Nezbedova [63] and Fujiyama [21]
support this assertion. However, flow and thermal conditions in the mold
which lead to the widely described, but complex, skin-core morphology make
any analysis difficult [32, 33, 38-40, 42, 53,72, 74, 77,109, 136-138]. This is es-
pecially due to the gradient of B-phase which develops in the sample: the
core, submitted to intense shearing, contains less 8-PP than the core, where
the crystallization has been proposed to occur in a quiescent melt [48, 53,
72,77,124,137,138]. As a result, any method which reduces the size of the
B-poor skin is welcome. Different ways to promote the development of the S-
phase have been identified: increasing the injection speed [63, 109, 137, 138],
optimizing the melt temperature [32,38] and increasing the mold tempera-
ture [36, 42, 63, 74, 84, 139].

3.24
Influence of Stress-State

The stress-state has been widely recognized to play a key-role in the mag-
nitude of the developed fracture resistance. As far as we know, only Karger-
Kocsis dealt with this topic, despite its practical implication. He compared
a unixial in-plane load (instrumented tensile impact, 3.7 m s7!) with a biaxial
out-of-plane sollicitation (impact falling weight, 10 ms™') using homopoly-
mers with different flowabilities (MFR: 0.8, 5.5 and 13 dgmin') [74]. The
energies to break values, Giot, obtained with both methods are summarized in
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Table 3. The toughness improvement induced by the §-modification, rational-
ized in terms of the ratio Gioi(S-nucleated)/Got (non-nucleated), is markedly
stronger for the series tested under biaxial conditions. As both sets of in-
vestigated samples were injection molded, the skin-core structure (discussed
in Sect. 3.2.3) could be inferred to be at least partly responsible for this fea-
ture. This was, however, confirmed in a recent work, where impacted g-PP
samples (tested at 5ms~!, T =23 °C and - 20 °C) with or without skin layers
showed the same fracture performance within the limits of the experimental
error [116].

The influence of the stress state can be further appreciated by considering
the mechanical response of a non-nucleated and f-modified low flowable PP
assessed by (i) conventional notched; (ii) double-edge notched; and (iii) un-
notched Charpy measurements (Table 4). While the latter were apparently
insensitive to the presence of any B-phase, an increased severity of the tests
allows the B-modification to show its full potential. Compared to a severe
notched Charpy test, where a triaxial stress state prevails in the crack tip, im-
pact falling weight tests are smoother, even at high loading rates. Although
being both submitted to a dynamic bending mode of deformation, they differ
(i) in the extent of their elementary tensile and compression stress contribu-

Table 3 Energy to break, Gior, and energy ratios, Giot(S-nucleated)/Giot(non-nucleated),
obtained with instrumented tensile impact and impact falling weight test using non-
nucleated and B-modified PP homopolymers exhibiting an MFR of 0.8, 5.5 and
13.4 dg min~'. Data taken from Karger-Kocsis [74]

Instrumented tensile impact Impact falling weight
MFR GtOt GtOt Ratio GtOt GtOt Ratio
(non-nucl.) (B-nucl.) (B/non) (non-nucl.) (B-nucl.) (B/non)
[dgmin™'] [kJ/m?] [k]/m?] (-] [J/mm] [J/mm] (-]
0.8 375 521 1.4 2.3 6.7 2.9
5.5 104 281 2.7 0.7 4.4 6.3
13.4 100 191 1.9 0.7 1.4 2.0

Table 4 Mechanical performance of a non-nucleated and S-nucleated PP with an MFR of
0.3 dg min~'. Comparison of notched, double-edge notched and unnotched Charpy tests

Giot(non-nucl.) Giot(B-nucl.) Ratio (8/non)
(k]/m?] (k]/m?] (-]
Notched 7.2 37.8 5.2
Double-edge notched ~ 30.5 72.8 2.6

Unnotched 23.5 19.3 0.8
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Fig. 15 Evolution of the plastic energy, Gplast> of 2 non-nucleated and of a -nucleated PP
in between - 60 and 120 °C: a puncture tests, b Charpy tests. Tests performed on injection
molded specimens

tions; (ii) in the localization of their weak zone (highly localized in notched
Charpy samples/rather distributed in the unnotched puncture plaques); and
(iii) in the influence of the skin layer on the mechanical properties. Fig. 15
shows a direct comparison between the ductility of a non-nucleated and of
a f-modified PP (MFR: 2 dg min~!) measured on (i) 2 mm thick impacted in-
jection molded plaques at 4.4 ms™' (Fig. 15a) and (ii) 4 mm thick-notched
Charpy specimens at 1.5 ms™! (Fig. 15b) in between - 60 and 120 °C. The duc-
tility was assessed by the plastic energy, e.g. the difference between the energy
to break and the peak energy (i.e. the energy up to the maximum of the force,
often called initiation energy); the higher this plastic energy, the less brit-
tle is the grade. As expected, B-nucleation improves the fracture resistance
of the investigated homopolymer. But, this enhancement is dependent on the
testing procedure: whereas a shift of about 50 °C could be recorded with the
Charpy testing procedure, only 20 °C could be gained with the perforation
measurements.

3.2.5
Influence of Test Speed and Temperature

As the superior fracture resistance of -PP towards its non-nucleated version
has been largely consolidated using standard mechanical characterizations,
the influence of the temperature or test speed on its mechanical perform-
ance has received more attention over the last few years [48, 50, 55,72, 77,
78,119, 140]. Tjong et al. reported that the Charpy impact energy at 20 °C
of a B-PP (MFR: 4 dg min~!) decreased from 12 to 6kJ m™2 in between 0.76
and 4.8 ms~!, while it varied from 6.5 to 4 k] m™2 for its non-nucleated ho-
mologue [50]. In another paper, a similar §-PP exhibited 2 to 3 times the
elongation at break of its counterpart in between 1 and 200 mm min~!, be-
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Fig.17 Force-displacement curves corresponding to elementary material’s behaviors:
a brittle, b semi-brittle, ¢ semi-ductile and d ductile

fore showing no more difference at 500 mm min~' [48]. Similar trends were
observed in between 0.001 and 1 ms™! in our own study performed on MFR
12 grades (described in [77]) for both epreax and Gior, the total energy ab-
sorbed before fracture (e.g. the integral / ode/dt up to fracture) as shown in
Fig. 16. Moreover, the yield stress, oy increases in a logarithmic way with the
strain rate, like any other polymer [48, 55, 77, 119, 141-144], with plastic flow
becoming less favored at higher test speeds.

The effect of temperature on the mechanical response of S-nucleated
grades was investigated by several groups [72,77,78,140]. In general B-PP
was superior to the non-nucleated reference, although the difference between
them was less pronounced with decreasing temperature. To get a deeper in-
sight into this topic, it might be worthwhile to introduce the four successive
fracture behaviors and the associated predominant deformation mechanisms
that a material exhibits. With decreasing speed (or increasing temperature),
one can observe (Fig. 17):

e A brittle behavior. The force-displacement (F-d) curves are linear elastic.
The crack propagates in an unstable way. The damage mechanisms have
not been initiated before failure. The fracture surfaces are very smooth
and mirror-like. At the microscopic scale, they are believed to be associ-
ated with the development of a single crack.
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e A semi-brittle behavior with pronounced non-linearity prior to unsta-
ble crack propagation. Fracture occurs before yield stress. The fracture
surfaces are rough, probably composed of several planes of macrocracks,
initiating within the crazes at different times and slightly different planes.
The size of the rough whitened zone decreases with increasing test speed,
implying a decrease in the extent of multiple crazing. This whitening ac-
counts for changes in the refractive index of the material as a result of
voiding in form of matrix crazing or particle cavitation, both of them be-
ing limited in the case of a semi-ductile behavior.

e A semi-ductile behavior with initiation and partial development of the
damage mechanisms before unstable fracture. Near the crack tip, the frac-
ture surface is fully whitened accounting for the limited stable growth of
the crack (the extent of whitening decreased with increasing test speed);
far from the crack tip, it is rough like in the semi-brittle case. A mixed
mode between small scale yielding and multiple crazing is believed to be
associated with this mode of fracture.

A ductile behavior accounting for intense shear yielding. It is character-

ized by stable crack propagation, entire stress-whitening of the fracture

surface and is accompanied by more or less pronounced shear lips.

Karger-Kocsis recorded the different fracture behaviors of non-nucleated
and B-modified PP (MFR: 0.8 dg min™!) tested in a three-point bending con-
figuration at 1 m s7!; at 23 °C, a-PP was semi-ductile and -PP ductile with
a plastic hinge; at - 40 °C «-PP was brittle, S-PP ductile [72]. The descrip-
tors from the linear elastic fracture mechanics (LEFM), K¢, the stress inten-
sity factor, and Gg, the energy release rate, used to quantify the toughness
correlated well with the fracture picture. This conclusion is also valid for
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Fig. 18 Evolution of the a stress intensity factor, K¢, and the b energy release rate, Gg,
for a low flowable and a medium flowable non-nucleated and S-modified PP. The legend
is the same for both parts of the figure. Injection molded specimens tested at 1 ms™' in

three-point bending [78] and compact tension [77] configuration
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PP with different flowablities, extracted from [77,78], depicted in Fig. 18.
Generally, with increasing temperature, K¢ decreases—reflecting its relation
to the yield stress, especially when the grades are not brittle and/or not
tested in plane strain conditions—and G¢ increases as expected from the
progressively enhanced molecular mobility of the materials. The stronger im-
provement above refrigerator temperatures correlates undeniably with the
glass transition temperature; Tg, of PP (Tg is in between - 10 and 10 °C de-
pending on the PP characteristics and on the Ty determination method).
For the PP with MFR 12dg min~!, this spectacular enhancement is obvi-
ously shifted to T >40°C and reserved to the B-modified resin, account-
ing for the intrinsic lower toughness of high(er) flowable materials, which
becomes particularly visible under impact conditions. This feature might
all the more be accentuated by the nature of the test used (three-point
bending for the low MFR grades, compact tension Mode I for the MFR 12
materials).

Figures 19 and 20 summarize the fracture behavior of the previously men-
tioned PP with MFR 12dgmin~! in between - 30 and 60 °C. Details con-
cerning the experimental procedure, the F-d curves and the data reduction
according to the principles of the LEFM are given in [77]. The aim of this
section is to correlate the relative capacity of both systems to absorb input
energy up to a deformation corresponding to Frax (Gini) and up to fracture
(Giot; Fig. 19) with their deformation maps deduced from their Fd-curves
and careful observation of their fracture surfaces (Fig. 20). To take implicitly
into account variations in specimen stiffness, arising from variations in tem-
perature and rate dependence of the modulus; the test rate was sometimes
expressed in terms of the crack tip loading rate, dK/dt, given by:

dF/dt

dK/dt =f (a/W) B

(7)
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Fig. 19 The ratio between the initiation energy of a S-nucleated iPP (MFR: 12 dg min™')
and its non-nucleated homologue [Gini(8)/Gini(non)] and the ratio between the energy
to break [Giot(8)/Gror(non)]of the same grades over a wide range of test speeds at (from
left to right) — 30 °C (same features than - 5 °C), 23 °C and 60 °C
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Fig.20 Deformation maps of a a non-nucleated iPP and b its B-nucleated homologue
(MFR: 12dgmin™!) for different temperatures and crack tip loading rates as deduced
from the fracture surfaces of compact tension specimens. A rough indication of the test
speed is provided by the upper scale. Same grades as in Fig. 19

where B is the thickness of the specimen, W its width, dF/d¢ the initial slope
of the force-time curve and f(a/W) a tabulated dimensionless geometrical
factor.

For T > Ty, the fracture behavior is sensitive to the crystalline structure.
Whereas the -nucleated grade is ductile up to 200 MPam'/?s™! (0.1 m/s) at
room temperature and up to 800 MPa m'/?s7! (0.4m/s) at 60 °C, the non-
nucleated homopolymer is relatively brittle over nearly the whole range of test
speeds and temperatures (the exception being 0.0001 m/s at 60 °C). As a re-
sult, the ductile-brittle transition is shifted by about 3 decades of test speed
thanks to the B-crystalline structure. To put this into perspective, it should be
noted that such a shift corresponds approximately to an addition of 15wt %
of elastomer into a PP homopolymer. In the ductile range of -iPP, its relative
initiation energy (resp. energy to break) is 2 to 4 times (resp. 10 to 20 times)
higher than those of its non-nucleated homologue. When S-PP becomes brit-
tle, its behavior is nearly equal to that of the neat PP. For T < Ty (where both
materials are brittle over the whole investigated range of test speeds), no sig-
nificant difference can be observed between the f-nucleated grade and its
non-nucleated homologue.

4
Toughness of Filled 3-Polypropylene

The combined modification of PP with fillers and B-nucleating agents has
been seen as attractive for its potential to achieve a breakthrough in the some-
what frozen stiffness/impact balance of PP. It has been speculated that the
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loss in stiffness induced by the -modification could be largely compensated
for by the addition of fillers while retaining at least part of the exceptional
fracture performance of B-PP. A synergy could actually only be found with
inactive fillers like calcium carbonate (CaCOs3) [53, 54, 71, 75, 79, 84, 140, 145,
146], wollastonite [147], mica [40], glass flake [40] or glass fibers [148-151],
which behave like inert components in the PP melt during the crystallization
step, not with active fillers like talc [40, 71, 145, 152] which are strong promot-
ers of the a-modification of PP. However, as most of the studies are based on
single point measurements (performed at one speed and one temperature),
the positive effect of inactive fillers was not systematically observed.

The typical impact/stiffness picture of a B-nucleated PP composite with
inert fillers is given in Fig. 21 for CaCO3 [53]. The parallel evolution of the
E-moduli and notched impact strengths with the filler content constitutes
a proof for the non-reactivity of chalk with PP. To reach a targeted tough-
ness, it appears to be preferable to introduce more CaCOs3 in a S-nucleated
system than producing a non-nucleated matrix with less filler. Fig. 22 ex-
emplifies the case of talc, belonging to the active filler category [40]. With
an increase in the filler content the difference in toughness between both
non-nucleated and B-nucleated grades become weaker to insignificant above
20wt % of talc. These features have been rationalized in terms of crystal-
lization behavior in the melt. With talc (and on the contrary to inactive
fillers), heterogeneous nuclei are formed at high temperature above the criti-
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Fig.21 Evolution of the modulus and notched impact strength of composites based on PP
(MFR: 4 dg min™!) and increasing amounts of calcium carbonate, CaCOs. Data taken from

Tjong [53]
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Fig.22 Evolution of the E-modulus and Izod notched impact strength of composites based
on PP (MFR: 4.2dgmin™!) and increasing amounts of talc. Injection molded samples
tested according to ASTM D790. Data taken from Fujiyama [40]

cal upper crystallization temperature of the S-phase (i.e. 140 °C) and induce
the irreversible growth of the a-modification. This effect is enhanced for
low cooling rates and high amounts of talc. Combining active fillers with
B-promoters is thus as meaningless as mixing B-PP with conventional o-
nucleating agents [39].

A moderate content of S-modification was also observed in environmen-
tally friendly composites, without promoting its formation by specific nucle-
ating agents. Bamboo [153], woodflour [154], jute [155], and sisal fibers [156]
were used as the fibers. We believe these components behave like inactive
fillers, neither influencing the crystallization rate of PP nor promoting the
growth of the o-phase. The S-form may arise from (by-) products of the re-
action between specific additives of PP and the chemicals used to treat the
surface of the fibers. Mechanical properties have only been reported for PP-
sisal fiber composites; their stiffness and toughness increased linearly with
their fiber content [156]. Although technical issues related to the intrinsic
hydrophilic character of natural fibers remain to be solved, it would be worth-
while to study the selective promotion of the S-phase in such composite
systems, especially because of their ecological impact.

A brand new area should conclusively be mentioned, that of the PP-
nanocomposites made of single-walled carbon nanotubes [157] or silica
nanoparticles [158] which were reported to facilitate the growth of the
B-crystalline structure. However, no published data support their supposed
outstanding performance.
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5
Toughness in Rubber-Toughened S-Polypropylene

5.1
Rubber-Toughened PP: A Brief Overview

Rubber-toughened PP are heterophasic systems in which discrete elastomer
particles are dispersed in a PP matrix. The rubbery phase enhances the im-
pact resistance by initiating highly dissipative deformation mechanisms and
by allowing the grades to develop up to the highest possible strains [159-
162]. If the matrix is no longer able to accommodate the external load, as is
the case at high speed and/or low temperature, these damage mechanisms
are initiated by the particles (at least for a dilatational loading). Their role is
threefold:

e promotion of plastic deformation of the matrix around the particles be-
cause of their role of stress concentrators;

e generation of cavitation phenomenon followed by a volume increase in the
polymer, which allows an easier matrix flow;

e stabilization of the deformed polymer by a mechanism of craze deflection.

According to Partridge [163], toughening is efficient when, by comparison
to the neat homopolymer tested under the same conditions, the impact re-
sistance is multiplied by a factor of 10, without losing more than 25% of
stiffness. The upper temperature limit for the use of rubber-modified blends
is controlled by the matrix melt temperature, Tr,, their lower limit by the
glass transition temperature, Tg, of the particles. As soon as the viscoelastic
response of the latter is too slow to accommodate an external loading, the
polymer assumes a glassy state and breaks in a brittle way.

5.2
Influence of Rubber Content

Combining the benefits of both the rubbery phase and B-modification to
boost in a super-proportional way the fracture resistance of PP grades is
tempting, all the more that elastomers have been shown not to disturb the
B-crystallization tendency of the matrix [10, 26, 38,46, 119, 164-167]. Results
from the pioneering work of Varga are summarized in Fig. 23 [165]. Up to
16 wt % of an EP-rubber (ethylene-propylene-rubber) were blended in a PP
matrix with low flowability (MFR ~ 1.5 dg min™"). Flexural impact tests were
performed on 3 mm-thick samples. As for non-nucleated systems, increasing
(i) the rubber content and (ii) the temperature had a positive influence on
the fracture resistance, because (i) each particle constitutes a potential site
for initiation of plasticity and because (ii) matrix shearing is facilitated (to-
wards) crazing at “higher” temperatures. In commercial systems the amount
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Fig.23 Flexural impact strengths of f-modified rubber toughened PP plotted versus the
amount of rubber content of the blends and the testing temperature. The arrows indicate
samples that did not break. Data taken from Varga [165]

of rubber rarely exceeds 30 - 35wt %, too high an addition of elastomer
leading to an undesirable loss of rigidity. This competition stiffness/impact
is illustrated in Fig. 24 for an injection molding propylene-ethylene block-
copolymer (PP/EPR, MFR ~ 3.5dgmin™!), which has been smoothly o-
nucleated and strongly f-modified [124]. Although the data are thought to
be close to the standard deviation of the measurements and should therefore
be considered with caution, the E-moduli seem to be linearly but negatively
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Fig.24 Stiffness (ISO R527 with ASTM D638 type I samples) of a- and S-nucleated rubber
toughened PP plotted versus their puncture impact resistance (ISO 6603-2) measured at

4ms™! and room temperature. Data adapted from Lambla [124]
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correlated with the puncture resistances determined at 4 ms™! on 2.8 mm-

thick specimens. Moreover, the 8-nucleated resin seems to be able to dissipate
more energy at a given stiffness than its a-nucleated counterpart.

5.3
Influence of Rubber Molecular Weight

In the same way that the molecular weight of the matrix has a detrimental
influence on the mechanical response of a grade, that of the rubbery phase,
industrially described by the intrinsic viscosity, also plays an important role.

A model series consisting of six ethylene-propylene block copolymers
(PP/EPR) has been investigated. While the flowability of their matrix
(MFR:45 dg min!), the rubber content (about 23 wt %) and the amount of C,
in the E/P rubber have been fixed, their intrinsic viscosity (IV) has been var-
ied systematically from 1.7 to 6 dgI"! (which corresponds roughly to My, from
150 to 1000 kg mol™!). A detailed description of the non-nucleated materials
and their performance has been published elsewhere [168].

Fig. 25a provides a comparison of the Charpy notched impact strength
(NIS) at room temperature of the non-nucleated and of the 8-doped resins
(fully B-modified with 0.1 wt % calcium pimelate) as a function of the IV of
the rubber. Both series show the same trends: increasing the IV for the rub-
bery phase has a positive effect on the toughness. However, the delta between
their respective fracture resistance at given IV, A(NIS), is not constant vary-
ing between 6% for an IV of 2 dg1™! to 50% for an IV of 1.7 dg1™!:

A (NIS) _ NIS(B-nucleated) - NIS(non-nucleated) (8)
a NIS(non-nucleated)

NIS(23°C) [kJ/m?] (a) 2500 D,, [nm] (b)

18 4 y=-22.961x +2222.5

16 1 u 2000 { m R? =0.7469

14 4 1A(NIS)
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Fig.25 a Notched impact strength (NIS) at room temperature of a non-nucleated and
a f-nucleated PP/EPR model series plotted versus the IV of the rubber phase; b particle
size, Dy, of the investigated series (from Grein et al. [168]) plotted versus the delta in NIS,
at given IV, between the -modified grade and its non-nucleated counterpart



76 C. Grein

These differences were correlated with the size of the rubber particles in the
systems: the smaller the diameter of the dispersed phase (e.g. the lower the
interparticular distance), the higher the benefits of a f-nucleation (Fig. 25b).
For the grades with the smallest particle sizes, it might be attributed to an eas-
ier plastic deformation of the matrix once the damage mechanisms initiated
(by particle cavitation) as a result of the smaller matrix ligaments between the
rubber phase.

This knowledge constitutes a powerful tool for designing new classes of
materials as patented by Bernreitner et al. [82].

5.4
Deformation Map of a Specific 5-Nucleated PP/EPR

An accurate way to characterize the impact behavior of a material is to es-
tablish its deformation map. By analogy to the procedure used in Sect. 3.2.5
to described the fracture resistance of non-nucleated and S-nucleated PP
of MFR12, a deformation map of their corresponding 15% modified blend
(PP/EPR) is presented in Fig. 26. The temperature was varied in between
- 30 and 60 °C and test speed in between 0.0001 and 10 ms™! (but assessed
preferentially in terms of crack tip loading rate, dK/dt). Tests were per-
formed on 4 mm thick compact tension specimens. On the contrary to their
neat corresponding matrix (whose fracture behavior has been discussed in
Sect. 3.2.5), little difference could be recorded in their mode of failure. The -
nucleated PP/EPR were, admittedly, ductile up to slightly higher test speeds
than their non-nucleated homologues, but far from the extent observed for
the homopolymers. Their improved performance was, however, reflected by
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Fig.26 Deformation maps of a a non-nucleated PP/EPR with 15% EPR and b its
B-nucleated homologue for different temperatures and crack tip loading rates as deduced
from the fracture surfaces of compact tension specimens. A rough indication of the test
speed is provided by the upper scale
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their initiation energies (Gini, e.g. energy stored in the sample up to Fpmax
in the F-d curve) which were for the whole tested range about 25-30%
higher than those of the non-nucleated grades (Fig. 27). This feature was
confirmed by their total energy to break (Gi) highlighted in Fig. 28 for
the measurements carried out at room temperature. The superiority of the
B-nucleated resins is thus a consequence of the superior initiation of the
damage mechanisms (Gipi) and of their better development in the volume
(Gtot - Gini)-
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Fig.27 a Initiation energy, Gin;, over the investigated temperature and test speed range of
a non-nucleated PP/EPR with 15% EPR and its S-nucleated homologue; b ratios of Giy; as
deduced from (a). Every point is the average of at least three independent measurements
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Fig.28 Energy at break, Gy, in between 0.0001 and 10ms™! at room temperature of
a non-nucleated PP/EPR with 15% EPR and its S-nucleated homologue. Every point is
the average of at least three independent measurements
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5.5
Which Limiting Factor: Matrix or Rubber?

One of the fundamental clues in rubber-toughened systems is to know if the
matrix or the rubbery phase is responsible for the unstable failure of a mate-
rial. There are indeed two possibilities to explain a ductile-brittle transition:

e the damage mechanisms have been initiated by the rubbery phase, but
could no longer grow in the matrix due to its insufficient ductility under
the considered test speed and temperature;

e (almost) no cavitation could be initiated within the elastomer phase, ren-
dering the growth of energy dissipative structures (e.g. crazes) in the
matrix ligaments impossible.

We will limit our argument to the grades investigated in Sect. 5.4, but the
way we propose to analyze the resin and conclude on their limiting factor can
be applied to any material without restriction.

The observation of the fractured CT samples at room temperature provides
valuable information about the damage mechanisms of the materials under
investigation [169]. Two distinct whitened zones can be distinguished: one is
intensively whitened (ZI), the other more diffusely (ZC). We infer ZI to be
a zone where the damage forms can be initiated and propagated and ZC to
be a zone where these deformation mechanisms are only initiated. The higher
toughness of the f-nucleated grade towards its homologue is confirmed by
the size of both its damaged zones over the whole studied range. At low test
speeds, the deformation mechanisms are initiated and develop in the form
of intense shearing and crazing in the matrix; at 0.001 ms~! for example, ZI
contributes to about 75% to the total whitened zone as obvious from Fig. 29.
However, like Giot, this zone becomes smaller with increasing test speed, to
the benefit of ZC which grows continuously. Above the ductile-brittle tran-
sition (about 0.7 ms™!), the damage mechanisms are no longer propagated
in the continuous phase (ZC ~ 0), although they seem to be weakly initi-
ated (ZI ~ 1 mm). The potential of the rubber phase therefore appears to be
underexploited at high speed: the PP matrix seems to be the limiting factor.

This conclusion was only partly confirmed by scanning electron mi-
croscopy micrographs of RuO, stained surfaces taken at the crack tip of
deformed specimens at 1 ms™!, where the non-nucleated and B-nucleated
materials showed, respectively, a semi-brittle and semi-ductile fracture be-
havior. While some limited rubber cavitation was visible for both resins,
crazes—and consequently matrix shearing—could not develop to a large ex-
tent whether in the PP or in the 8-PP matrix (although these structures were
somewhat more pronounced in the latter case). Therefore, a question remains
open: was the rubber cavitation sufficient to boost the development of dissi-
pative mechanisms in these resins?
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Fig.29 Evolution at room temperature of the whitening of the fracture surfaces of
compact tension specimens plotted versus the logarithm of the test speed for the non-
nucleated and S-nucleated grades described in Sect. 5.4. a Height of the intense whitened
zone (ZI); b height of the diffuse whitened zone (ZC) measured with a magnifying glass.
The average standard deviation of these measurements is £10%

To answer this question, a special testing procedure has been implemented.
It allows the comparison of the resistance to fracture of both non-nucleated
and B-modified grades, once the particle cavitation initiated. It consists of:

e initiating the damage mechanics by preloading a sample up to a given
force. Concretely, the CT samples were deformed at 0.0001 ms™! at 23 °C
up to a displacement corresponding to Fiax. The strong non-linearity ob-
served in the F-d curve (see Fig. 17d) is associated with the development
of a 3-5 mm whitened plastic zone in front of the crack tip;

e reloading the specimen in an instantaneous way (~ 500 mm min™!);

e evaluating the fracture behavior of the pre-deformed samples under pre-
selected conditions. In this case, the measurements were carried out be-
tween test speeds of 0.0001 to 2 ms™! at room temperature.

If the differences in toughness between both resins remain identical to the
tests without preloading, the limiting factor is definitely the matrix; if not,
the role of the rubbery phase cannot be neglected. The fracture energy of the
preloaded specimens is given in Fig. 31. Considering that the transition from
a stable crack growth to an unstable one is mirrored by the sharp decrease of
Giot, a shift of one decade of test speed is observed between the ductile-brittle
transition of the B-nucleated grade and its non-nucleated counterpart. Keep-
ing in mind that (almost) no difference was recorded for the non-preloaded
samples, it can be inferred that the elastomer phase controlled the deforma-
tion process in these materials, although the matrix did not play a negligible
role. A detailed study of these resins can be found in [77, 169].
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Fig.30 SEM/BSE (Scanning Electron Microscopy/Back Scattering Mode) images of mi-
crodeformation of both a non-nucleated and b -modified PP/EPR grades described in
Sect. 5.4 tested at 1 ms™' and room temperature
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Fig.31 Energy at break, Got, in between 0.0001 and 2 ms™' at room temperature of a non-
nucleated PP/EPR with 15% EPR and its B-nucleated homologue. The samples were

preloaded samples at 0.0001 ms~!. Every point is the average of at least three independent
measurements
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6
Specific Damage Mechanics in S-Nucleated PP

6.1
Some General Features

Relevant and complementary information about the damage process of poly-
mers can be obtained among others by the analysis of the force-displacement
curves, by the observation of the fracture surfaces (cf. Sects. 3.2.5 and 5.4)
and, as will be shown in Sect. 6.2.2, by the determination of the amount of
voids in a sample during and/or after deformation. However, a complete
elucidation of the deformation mechanisms is only possible by their dir-
ect observation at the sub-micron level. Transmission electron microscopy is
often used for this purpose. For convenience, the tests (which require experi-
ence and touch) are generally carried out at room temperature and at a low
strain rate.

Under dilatational loading, the primary deformation modes are similar
to those reported for other semi-crystalline polymers: separation of lamellae
(followed by the formation of crazes), interlamellar shear and intralamellar
slip [170-176]. Their relative intensity is dependent on intrinsic parameters,
especially the molecular weight and stereoregularity of the investigated -PP,
and extrinsic factors like temperature, strain rate and temperature. In its early
stages, the deformation is governed by the amorphous regions; in the later
stages by the modification of the crystalline texture.

Interlamellar shear is an iso-volumetric process. It is present as the prin-
cipal damage mode up to the beginning of cavitational deformation. Inter-
lamella separation develops also in the early stages of the damage process,
as soon as the material is no more able to accommodate a deformation
at constant volume. It is typical for lamellae which are rather perpendicu-
lar to the loading direction, as confirmed by electron microscopy observa-
tions [173-175] and supported by theoretical considerations about the stress
distribution in a deformed spherulite [176]. It is accompanied by an increase
of the long period at constant lamella thickness [175] and leads to irreversible
void formation (e.g. crazing). It competes, generally after necking, with the
formation of chevrons which implies lamellae rotation (twisting) and break-
up [173-176]. It has been reported to govern the damage process at high
strain rates and/or when the material has a high degree of crystallinity and
a high chain perfection. If this is not the case, interlamellar slip is believed
to control the matrix flow. This phenomenon affects the zones where the
lamellae are arranged along the loading direction and is thus believed to
be the less active damage mechanisms in the first stages of the deforma-
tion process. Before necking, interlamellar slip is concentrated in the regions
near the poles of the spherulites; it is accompanied by some lamellae thin-
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ning and in extreme cases by lamellae breaking. After necking, its operating
range is extended to the lamellae, which rotate in the direction of the ap-
plied stress. These lamellae break either before or after rotation, constituting
fragments separated by stretched amorphous macromolecules. Further de-
formation results in the creation of a highly fibrillated structure reflected
macroscopically by strain-hardening. This process is accompanied by a phase
transformation from (i) B to « or from (ii) B to the smectic form depending
on the drawing temperature [128, 134, 136,170-172,177-179]. A high tem-
perature is favorable to the formation of «-crystallites whereas a lower one
(close to room temperature) rather promotes the development of a smectic
phase [134,170,171,177, 178]. None of the mechanisms proposed to explain
the 8/« phase transformation are commonly accepted. As a 8/« solid-solid
transition is not possible considering the spatial distribution of the chains

Fig.32 SEM/BSE images of microdeformation of S-nucleated PP tested at room tempera-
ture and 0.001 ms™' at the crack tip of a compact tension specimen: a overview of the
crack tip damage zone, b and c details from the periphery of the damage zone. The arrows
indicate the direction of the applied load
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in PP [86], the formation of macrofibrils in the stress direction occurs most
likely in a liquid phase by partial or complete melting of the S-lamellae and
strain-induced recrystallization [55, 102, 170, 177, 178, 180, 181]. The «-nuclei
necessary for such a growth has been suggested to be already present in the
system: they are thought to arise from an epitaxial growth of the a-crystals
on B-spherulites during a secondary crystallization process at temperatures
below 100 °C [70, 122, 182].

The damage mechanisms of non-nucleated and S-modified PP differ in
the localization and intensity of their primary deformation modes at given
temperature and test speed. In ductile 8-PP, the damage zone is rather ho-
mogeneous, extended and consists of a dense bundle of nearly parallel crazes
which merges to form a continuous fibrillar structure adjacent to the crack
faces (Fig. 32). These crazes develop either along the spherulites equators or
in the corresponding polar regions, where the crystallites are roughly parallel
to the loading direction [77, 173, 174,176]. These non-isovolumetric struc-
tures are accompanied by shearing of the matrix; their respective amount will
be quantified in section Sect. 6.2.1.

6.2
Some Experimental Findings

6.2.1
Enhanced Creation of Microvoids

The formation of microvoids (or micropores) in drawn B-PP is a well-
known feature, used successfully to produce breathable films and membranes.
Macroscopically their occurrence is correlated with an opacification (i.e.
whitening) of the specimen. Their amount can, for example, be measured at
given strain rate/draw ratio by liquid porosimetry (e.g. mercury intrusion),
gas absorption or by the determination of the density of the deformed sam-
ple [129,177,178).

The content of micropores increases with increasing strain [177] up to
a saturation level, lowering the drawing temperature [177] and increas-
ing the crystallization temperature of the samples (in between 10 and
110°C) [177,178] as shown in Fig. 33. It can be further enhanced by draw-
ing at constant width (e.g. forced superimposed volume increase) or under
biaxial drawing [177]. The influence of the crystallization temperature has
been explained by a competition between (i) the volume contraction in-
duced by the §/« transformation (the density of the S-crystals being lower
than that of the w-form, 0.921 against O.936gcm‘3); and (ii) the volume
expansion induced by non-isovolumetric damage processes (e.g. crazing).
For samples crystallized at low temperature (10 °C), on the one hand, the
shrinkage consecutive to the rapid phase transformation caused by unstable
B-crystals is believed to compensate a potential volume enhancement aris-



84 C. Grein

Porosity [%]

45
40 mT,-10°C
351 OT,=70°C
307 AT =110°C
25
20

15

10 -

5 4

0 ,

0 50 100 150 200
Tdrawing [OC]

Fig.33 Evolution of the amount of microvoids in 0.2 mm thin B-PP films obtained with
different crystallization temperatures and deformed at temperatures ranging from 50 to
150 °C up to a draw ratio of 3.8. Data taken from Chu et al. [177]

ing from voids, leading macroscopically to no detectable change of volume
in the deformed B-PP systems [177]. A similar phenomenon has been as-
sociated in an independent study with an enhanced microhardness for the
deformed sample compared to the non-deformed one [183]. On the other
hand, the B/« phase transformation has been proposed to be hindered by the
inherent thermal and mechanical stability of B-lamellae crystallized at high
temperature (110 °C), a feature which allows the development of numerous
voids [177].

The decrease of the amount of microvoids with increasing temperature
(Fig. 33) might be ascribed to a competition between shearing/crazing. Ma-
trix shearing is indeed promoted at higher temperatures, the critical stress
needed to induce plastic flow decreasing monotonically with increasing tem-
perature. Following a similar train of thought, the content of micropores
is expected to increase with increasing test speed. This fact was verified
for non-nucleated and B-nucleated PP (MFR: 12 dgmin~!) tested between
0.0001 and 1 m/s at room temperature (i.e. with 0.001 < de/dt < 10 s7!) using
a non-destructive on-line technique which separates the overall strain (&)
in a uniaxial tensile test into three independent and single contributions:
shear, cavitational, elastic [77, 169]. As obvious from Fig. 34, the cavitational
contribution, which accounts for dilatational processes, (i) was twice as pro-
nounced for B-PP than for its counterpart (except at 10 s™!); and (ii) increased
markedly with the strain rate. Between 0.001 and 1s7!, the extent of cavita-
tion at any given ¢ increases almost linearly with the logarithm of the strain
rate, possibly indicating a thermally activated process. As these values have
been determined for an elongation corresponding to the yield stress, it is in-
disputable that voiding precedes yield, as already suggested by Cheung [55].
Moreover, the onset of voiding/crazing of both grades has also been shown
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Fig.34 Cavitational contribution, £cay/¢, of the overall deformation between 0.0001 and

Ims™' (i.e. at strain rates from 0.001 to 10s™') for a B-nucleated PP tested at room
temperature (MFR: 12 dg min!) and for its non-nucleated homologue
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to decrease with increasing test speed from 7% at 0.001 s to 1-2% at 0.1 57!,
suggesting that above a certain strain-rate dependent threshold interlamellar
shear can no longer accommodate the global deformation. In addition, as the
elastic contribution has been shown to be substantially independent of the
test speed, the cavitational and iso-volumetric processes (shearing) comple-
ment one another [77].

6.2.2
Dynamic Mechanical Analysis (DMA) Evidences

The intensity of the molecular relaxations of polymers have been shown to
correlate positively with the toughness since a higher chain mobility (re-
flected by a higher strength of the relaxations) (i) reduces the elastic energy
stored at a given strain and stress and delays thus the occurrence of craz-
ing; (ii) lengthens the phase of growth of the crazes contributing to hold
up the development of an unstable crack; and (iii) allows the dissipation of
more energy during the propagation of the damage mechanisms [184-187].
Polypropylene exhibits three molecular relaxations independently of its crys-
talline modification [188, 189]:

e a y-relaxation at - 70 °C, attributed to the rotations of side methyl groups
in the glassy stage;

e a f(-relaxation around 0°C, accounting for the glass transition of the
amorphous PP macromolecules;

e an o -relaxation which begins at about 50 °C and is generally considered
to describe the diffusion of crystallographic defects in the lamellae.
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Fig.35 DMA trace of non-nucleated and B-nucleated PP measured on 1 mm thick com-
pression molded plates. Tests have been carried out in a torsion mode at 1Hz with
a heating rate of 1 Kmin™

For the DMA trace in Fig. 35—typical for almost all reported literature
data—it is obvious that both o - and f-relaxations are more pronounced
for the B-nucleated material than for its non-nucleated counterpart suggest-
ing both its amorphous and crystalline phases to be more mobile. Varga
showed the progressive increase of the maximum of the loss factor, tan 4,
as Kg was progressively increased from 0 to 75% [137]. This improved
damping obviously favors fracture resistance [48, 72,77, 190]. Detailed corre-
lations between the intensity of the relaxations and the impact strength in
B-nucleated PP would be beyond the scope of this review; they are published
elsewhere [111, 191].

A careful observation of the DMA traces leads to further findings.
Labour [140] has reported a gradual shift of the a -peak to lower tempera-
ture by increasing the §-content of the PP (between 0 and 31%) suggesting
an easier activation of the chain mobility in the S-crystals than in the o-ones.
Moreover, it has been pointed out that there is a slight shift to a higher tem-
perature for the glass transition of 8-PP compared to non-nucleated PP (as
also visible in Fig. 35). This phenomenon has been attributed to a slight im-
mobilization of the amorphous phase in -PP, which has been proposed to be
a result of its numerous tie-molecules.

6.2.3
Macroscopic Tensile Indicators

Besides the microscopic damage forms and the molecular relaxations, macro-
scopic indicators also provide interesting hints of the deformation processes
of PP. The yield stress (oy) is significantly lower in the B-nucleated resins
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than in their unmodified homologues (Fig. 36), reflecting their higher abil-
ity to initiate plastic flow at lower stresses [48, 55, 64,76, 77, 84,109, 124, 137,
140,172,178,179, 190]. It can be described by a two stage Eyring equation
(Eq. 9) [77, 141, 142]:

oy R [AH; 2de/dt R . _;[2de/dt AH,
= +1In +  sinh exp
T V1 RT dS/dtol ds/dl‘oz RT

where oy is the yield stress, T is the test temperature in Kelvin, AH; is the ac-
tivation energy of the plastic flow for the mono-activated process i, v; is the
activation volume of the element motion unit for the process i, de/dt is the
strain rate and de/dfy; is a pre-exponential factor for the process i.
Considering the low test speed yield stress required to be a mono-activated
process (the second process being considered to be predominantly active at
a higher strain rate), the activation volume of both crystalline modifications
of PP estimated from the slope of the oy-de/dt curves in the different regions
is not significantly different, but slightly higher for the g-form in accordance
with literature data [48, 55, 179]. The values are around 4 nm” for strain rates
up to 1s7! and around 3 nm? for strain rates between 15! and 100s7!. Al-
though the physical meaning of v is unclear, one may suspect the yield stress
at the higher test speed to be controlled to a larger extent by the crystal
motions activated at - 70 °C. Moreover, the plastic flow seems to involve co-
operative motions of PP segments rather than cooperative motions of chains.
The Young’s modulus, E, of 8-PP and its blends is for ideally nucle-
ated grades about 15% lower than their corresponding non-nucleated grades
(Table 5) as reported in the literature [32, 38, 48, 76, 84, 109, 124, 137, 169, 190].
This feature may originate from the same factors that control the yield stress:
(i) a lower cohesive force of the S-phase, as a consequence of its lower pack-
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Fig.36 Typical evolution of the yield stress, oy, of a non-nucleated and f-modified PP and
their b 15 wt % toughened PP/EPR blends as a function of the strain rate, de/dt. Tensile
tests performed at room temperature on a base resin exhibiting an MFR of 12 dg min™
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Table 5 Young modulus, E, for non-nucleated and g-modified PP and their 15 wt % tough-
ened PP/EPR blends as a function of the strain rate, de/dt. Tensile tests performed at
room temperature on a base resin exhibiting an MFR of 12 dg min™

E at23°C

[MPa]
Non-nucleated PP E =102.41In(de/dt) + 2264
B-Nucleated PP E=78.4In(de/dt) + 1774
Non-nucleated PP/EPR E =82.6In(de/dt) + 1875
B-Nucleated PP/EPR E =70.81In(de/dt) + 1591

ing density; and (ii) a favorable lamella arrangement (no cross-hatching).
An additional fact which may explain the higher toughness of the B-phase
is its potential to initiate non-linear processes (either delayed elasticity or
plasticity) at lower stresses than its non-nucleated homologue [109, 169]. For
example the elasticity limit (Ejjn;, in MPa) of CaCOs filled PP, determined
in plane strain compression at 0.001 s, has been shown to decrease roughly
monotonically with the S-content (Kg varying from 6 to 41%, expressed in %
in Eq. 10):

Elimit = - 0.243K5 + 58 (10)

As this phenomenon is more pronounced at T > Ty than at temperatures be-
low Ty, the crystalline phase rather than the mobility of the amorphous phase
has been proposed to control the onset of non-linearity [140].

A further difference between both o and B-modifications is the extent
of strain-hardening they exhibit. Convergent sets of data highlight the more
prominent strain-hardening of the g-phase in the post-yield range compared
to its non-nucleated counterpart [109, 140, 172,179]. This fact results most
probably from (i) the easier plastic deformation of the S-crystals and of (ii)
the transformation into the fibrillar structure at earlier stages than for the
a-phase.

Finally, the delocalization of the damage mechanisms is much more im-
portant for B-nucleated resins independent of their nature (homopolymer
or copolymer) than for their non-nucleated homologues [48, 77,109, 172, 176,
177,179]. This can be rationalized in terms of the difference between the
plateau stress and the yield stress, Apy, in stress-strain engineering curves:
the higher this difference is, the higher is the localization of the necking [169].
As obvious from Fig. 37, the B-nucleated plastic zone is much more extended
than that of the non-nucleated corresponding grades, the consequence of
a less pronounced necking and of a better distribution of the input energy in
the tested sample. Moreover, Apy increases linearly with the logarithm of the
strain rate, but decreases in a less monotonic way with the temperature, indi-
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Fig.37 a Difference between the plateau stress and the yield stress in stress-strain engin-
eering curves, Apy, of B-nucleated homopolymers and PP/EPR blends (15 wt % EPR) and
their corresponding non-nucleated homologues plotted as a function of the strain rate.
Tests performed at room temperature on injection molded dog-bone specimens on PP
(homopolymer and matrix of the copolymer) having an MFR of 12dgmin™'. b A, of
non-nucleated and B-nucleated homopolymers (MFR: 1.7 dg min!) plotted as a function
of the temperature. Tests performed at 100 mm min~' on injection molded specimens.
Data taken from Fujiyama [172]. The legend is the same for both parts of the figure

cating a less pronounced necking (e.g. a better delocalization of the damage
mechanisms) under smooth test conditions.

6.3
What Explains the Toughness of 3-Modified Polypropylene?

6.3.1
Lamella Architecture

The facts presented in Sect. 6.2 highlight the complex relationships existing
between the crystalline and amorphous components of the -modification.
On the one hand, evidence for the determining role of the crystalline phase
has been seen. This has been used to explain the evolution of the macroscopic
tensile indicators of B-PP as a function of the test speed and temperature.
On the other hand, the increased mobility of its amorphous phase, reflected
by the DMA trace, cannot be neglected. Both factors can be reconciled con-
sidering the arrangement of the §-lamellae. Compared to the «-phase, §-PP
exhibits a sheaf-like structure of radial lamellae growing in bundles from
a central nucleus without any epitaxial growth of tangential lamellae. As
a consequence, the development of extended plastic damage forms will not be
disturbed by the physical network created by cross-hatched crystallites. Con-
cretely, the deformation of the amorphous chains (and therefore the lamella



90 C. Grein

separation process) will be facilitated in the early stages of a dilatational defor-
mation for the S-modification since no “interlocking” structure blocks their
mobility, which allows an efficient stress transfer [72, 75,77, 78, 137, 140, 176].
An experimental proof for this feature has been given in Sect. 6.2.1: the
amount of microvoids measured in B-PP was definitely more important
than that determined for the corresponding non-nucleated PP. The enhanced
strength of the B-relaxation for f-modified PP grades, observed in DMA, also
suggests this scenario, especially because this technique reflects viscoelastic
behaviors at small strains. At large strains, plastic slip processes constitute
the main damage mechanism at lower strain rates. They are accompanied by
crystalline dislocations which move on preferred glide planes, those of critical
resolved shear stress. In the o-phase, a certain correlation is needed between
the plastic events occurring in neighboring lamellae to allow the creation and
propagation of these dislocations as remarked by G’Sell [176]. Due to their
cross-hatched structure, the movement of glides between radial and tangen-
tial lamellae is believed to be difficult. On the contrary, crystals can deform
more independently in time and space in the -modification. Propagation of
dislocations and crystal slip are thus easier, and all the more facilitated that
the B-modification exhibits a hexagonal structure with three equivalent glide
planes. As a result, the crystals arranged statistically in a favorable orientation
(with regard to the principal shear stress) are expected to be more numerous
and the deformation more uniform.

6.3.2
Additional Factors

Besides the fundamental differences in their lamellae architecture, additional
factors may further explain the toughness behavior of both non-nucleated
and B-modified PP.

One of them is the spherulite size [50,77]. This parameter is in first ap-
proximation induced by the mode of crystallization of both modifications.
Whereas non-nucleated PP crystallizes in a homogeneous way, the nucleation
process in B-PP is heterogeneous, the nucleating agents acting as germination
sites. In this latter case, the density of nuclei is 10 to 100 times higher than
with a non-nucleated homopolymer system, leading to 10 to 100 times lower
spherulitic sizes (1-10 um for B-PP towards 30-100 mm for neat PP). As
smaller spherulites are known to promote toughness, especially at low speed
and/or high temperature, owing to the reduced concentration of structural
defects and impurities at their boundary, part of the difference in fracture
resistance between both crystalline structures is to ascribe to the size of
their respective superstructures. However, its effect is limited; although in
studies which erased in a defined way the differences in spherulitic sizes,
strong differences could be seen between non-nucleated and B-modified sys-
tems [75, 76, 140, 146].
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The lower packing density of the S-crystalline form is also suspected to
contribute positively to the toughness [75, 140, 172]. As already outlined in
Sect. 6.2.3, the induced reduced chain interactions may promote an easier
plastic deformation of the lamellae (particularly a favored slip of the lamellae
chains), as a consequence of the lowered energy barrier of the most probable
conformational defects (e.g. 120 chain twist accompanied by a c/3 shift in the
stem direction) as suggested Labour et al. [140].

The suspicious (but experimentally well reproducible) maximum found in
the fracture resistance of NU-100 B-nucleated PP for concentrations of about
300-500 ppm (see Sect. 3.2.1) has oriented the recent research in a rather un-
explored direction: the optimization of the S-structure itself. Raab [84] has
suggested that a bundle-like morphology without a real spherulitic structure
exhibits a higher plasticity and toughness than well-developed spherulites.
In cooperation with Grellmann, he has also associated the best performing
B-PP—in a series where the concentration of the nucleating agent was varied
systematically—with a maximum in thickness of the amorphous interlayers
(expressed in terms of the maximum of the long period, LP) and with a min-
imum in the lateral size, Lsg, of the crystallites. Results are addressed in
Fig. 38 [64]. Also the evolution of the dynamic fracture toughness, Jj;, rather
than that of the static elongation at break, ey a1, correlates with the evolution
of LP and L3p. An alternative or completive explanation for the toughness
optimum observed with NU-100 has been proposed by Obadal [68]. It is
based on the relative amounts of the 8; and B, melting peaks (recorded by
DSC) over the thickness of the sample (measured each 100 pum!). Whereas the
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Fig.38 Evolution of Ji4, the J-Integral accounting for the fracture toughness, and of the
elongation at break, epreqx, as a function of the long period, LP, (left) and the lateral
size of B-crystals, L3go, (right). Tests have been performed at room temperature on injec-
tion molded samples at 1.5ms™! to determine Jig and at 50 mm min™' to measure epeak.
Mechanical and structural responses have been varied by varying the concentration of
NU-100, the nucleating agent from 0 to 1300 ppm



92 C. Grein

region close to the skin is enriched in §;-phase that nearer to the core con-
tains a larger amount of B;-modification. Calculating the strength of 8,/6:
from the skin to the core, it is possible to determine a critical thickness for
which B, > ;. The maximum in Charpy notched impact strength observed
for NU100 concentration ranging from 0 to 2000 ppm has been associated
with a maximum in this critical thickness. Interestingly, the authors stated
that B, is connected with the relaxations of elongated chains (e.g. not with
a transformation from an unstable structure, 1, to a more stable one, f3,,
during heating).

6.33
The Controversial 3-«-Phase Transformation

One cannot conclude this section devoted to the mechanisms or factors of
toughness improvement without evoking the B/« transformation. Basically,
the occurrence of a 8/« transformation during loading has been largely doc-
umented and is incontestable [55,72,78,128,170-173,177-179, 192]. What
remains unclear is if this transformation is the driving force of the outstand-
ing mechanical performance of 8-nucleated grades or only its consequence.

The followers of a phase transformation toughening (PTT) state that the
change from a less densely packed crystalline structure () to a more packed
one («) (i) promotes microvoiding in the earliest stages of the deformation
and (ii) facilitates plasticity due to its exothermic character [72, 78, 193].

The more reserved opposing party argues that the temperature increase
is certainly due to a self-heating phenomenon resulting from the adiabatic
transformation of the plastic work into thermal energy and attributes the
enhanced amount of microcrazes observed in B-PP to its lamellae archi-
tecture [75]. Some further arguments might support their opinion. A S/«
transformation has not been observed systematically after dilatational test-
ing [50, 76, 77]. Especially in confined structures (e.g. crack tips of notched
specimens), no experimental evidence could be provided up to now for the
occurrence of such a transformation either because it is too localized to
be detected or because it does not exist. It has also been reported by two
independent groups that no detectable conversion from g to « occurs be-
fore a draw ratio of 1.2 (at 23 °C) [67] and 1.6 (at 100 °C) [55]; after these
onsets, the S-content decreases monotonically with increasing strain. More-
over, the deformation of 8-PP at low temperature has been shown to lead to
a smectic (or «-form with low crystallinity phase [172]), rather than to a high
crystalline «-modification [128, 133, 134, 177,178]. In addition, it should be
remarked that the transformation between two such different systems is not
possible without rewinding of the chains and should therefore take place
more likely in a liquid phase. Even if such a transformation would concern in-
dividual lamellae, one might doubt that a local heat increase at low strains is
important enough to allow it.
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However, whatever the real importance of the -« transformation for the
improved toughness of -PP, it is greatly to its credit that it has opened up
new ways of thinking in the §-PP world and contributed to impassioned sci-
entific debates.

7
Some Applications of S5-Nucleated Polypropylene

7.1
Fibers

In spite of the increasing use of PP in the textile industry, the selective
modification of its crystalline structure by B-nucleating agents remains con-
fidential. Besides its inherent (and desired) coloration effect when working
with y-quinacridone [194], it improves the poor moisture absorption of PP
fibers [128,129,132-134]. This feature is obtained by introducing, in a tar-
geted way, micropores in the fibers during the drawing process which follows
melt spinning. It is accompanied by a progressive disappearance of the g-
form to the benefit of the o-phase. Working with a fully nucleated g-PP and
choosing the right drawing ratio and temperature are the keys to success for
such an application.

The B-content of the fibers can be optimized by adjusting the spinning
and subsequent cooling parameters. To allow the growth of a well-developed
crystalline S-phase, a low cooling rate — and thus a higher temperature of
the cooling medium and/or a cooling medium with low thermal conductivity
(rather air than water)—is preferred [129]. The choice of the right spinning
speed (e.g. take-up speed) and spinning temperature is less straightforward:
evolutions of the B-content in opposite directions have been reported by vary-
ing them [128, 129, 132-134]. These parameters are believed to be dependent
on each production unit (especially on the distance between the spinning
nozzle of the extruder and the take-up roll) and should therefore be evaluated
case by case. Moreover, it has been reported that thinner fibers are less prone
to develop a B-form [128, 129], information which is of limited importance in
practice.

The optimum draw ratio is close to the micropore saturation level (if any),
since further drawing would lead to an undesirable embrittlement of the fiber
without substantial gains in the amount of microvoids. By analogy with the
results obtained with stretched films, a maximum of micropores is expected
for drawing temperatures around 80-110 °C [128, 129]. However, no incon-
testable experimental evidence has been provided up to now to support this
assertion.

Besides these high moisture absorption fibers, a new application field has
emerged [195]. An all PP solution consisting of a B-nucleated matrix and
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fibers of -crystalline structure has been patented. It takes profit of the lower
melting temperature of B-PP towards o-PP, which—because it allows an
easier incorporation of the fibers into the continuous phase—facilitates the
production of such a composite. In this application, S-PP constitutes an in-
teresting alternative to metallocene PP or C2-rich random copolymers which
could have also been used as a matrix. Such a a-fiber/B-matrix composite has
been claimed to be competitive with glass-fiber reinforced PP.

7.2
Glass-Fiber Reinforced Polypropylene

The most exotic application associated with S-nucleating agents is certainly
the “B-doped glass-fiber reinforced PP” [196]. It deserves, however, to be
mentioned in this review since it constitutes an original approach (i) to take
profit from both «- and S-modifications of PP within the same material and
(ii) to improve simultaneously both stiffness and impact resistance. It consists
of a fiber/PP composite with a 8-PP interface between the dispersed phase
and non-nucleated PP phase. The B-transcrystallinity has been introduced
by coating the glass fibers with a highly active S-promoter. For a 40 wt %
filled composite, an increase of about 13% in both stiffness and toughness
could be measured between the non-nucleated grade (resp. 4450 MPa for the
E-modulus and 88kJm~ for the Izod Impact Strength) and the B-doped
composite (resp. 5082 MPa and 102 k] m~2) [196].

In “single fiber composite” tests it could be shown that for B-trans-
crystallinity, only interlamellar failure is observed without any evidence of
bulk damage (in contrast to what was observed with «-transcrystallinity)
[149-151]. It was attributed to the inherent tougher fracture behavior of the
B-phase (towards its a-homologue) and to the position of the B-lamellae
on the fibers: they lay “flat-on” e.g. with the lamellar surface parallel to the
length of the fiber. For a composite containing the a-form as the contin-
uous phase and the B-phase as a transcrystalline layer between fiber and
matrix, scanning electron microscopy has revealed that cracks, initiated in
the «-regions, propagated until the 8-boundary. There, the cracks seems to
be stopped or at least somewhat delayed since the damage forms observed
in these B-rich regions seems to be more uniform and well distributed than
those observed in the a-matrix.

7.3
Thermoforming

Thermoforming is a process in which extruded sheets are converted to art-
icles by heating above their softening point, forming the softened sheet in
a mold and allowing the formed sheet to cool and harden. The typical MFR
range for such products is from 1 to 5dgmin~', typical applications are
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Table 6 Comparison of some relevant properties in thermoforming between f-nucleated
PP and other classes of polypropylene. 0 means identical to PP-homopolymer without nu-
cleating agent; + means good, ++ very good, - bad, - very bad. The data provided for PP
block and random copolymers deal with classical resins. Data taken from Wolfschwenger
et al. [49]

PP-homopolymer PP block PP random
copolymer  copoylmer
Non- a-Nucleated B-Nucleated Non- Non-
nucleated nucleated  nucleated
Stiffness 0 + + - -
Cycle time 0 - ++ + +
Heat resistance 0 + + - -
Transparency 0 + + - +
Toughness 0 0 0 + +

food containers. The benefits of f-modified PP (and its blends) compared
to non- or a-nucleated PP are both economical and technical [49, 117, 197].
Because of its low melting temperature (Tm: 145-150 °C), faster production
rates are achieved. As the thermoformed article cools, the molten part of
the PP recrystallizes in an «-modification so that there is almost no more
B-phase in the thermoformed articles. As a consequence, no drawbacks are
expected with B-nucleated grades regarding their stiffness, heat resistance
and transparency. A comprehensive summary of their performance in com-
parison with that of different classes of PP is given in Table 6. A less common
end use property, microwave-qualification, has also been reported to be im-
proved starting from S-extrusion sheets [197]. Another important advent for
B-PP in this segment is the (quasi)-absence of built-in stresses in the thermo-
formed parts as well with Ziegler-Natta as with metallocene-catalyst-based
resins [117].

7.4
Microporous Films

The segment where S-nucleated PP has found its most fertile ground is that
of microvoided films. The superior ability of the f-modification to create mi-
cropores during a non iso-volumetric damage combined with its excellent
toughness has been exploited. Potential applications include filters, breath-
able membranes, absorbing articles, printable films, battery separators, di-
electric capacitors, clothing materials for footwear such as leather substitutes
or rainwear [19, 59, 60, 130, 198, 200-209]. Since structures that enable vapors
to flow through them (i.e. are breathable) while at the same time inhibiting
or stopping the flow of liquids through them are desired, the microvoids have
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to be interconnected. A classical MFR range of the 8-PP (and eventually its
blends) used for such applications is 2 to 8 dg min~!; they may contain chalk
to further improve their breathability.

Four different ways to achieve the targeted porosity have been mentioned.
The common step involved consists of forming a film/sheet with a defined
(and generally high) amount of B-modification, preferably with selective
B-nucleating agents. Their critical parameter is the cooling rate of the film
knowing that: (i) under isothermal crystallization little to no S-crystallites are
formed below about 80 °C and above about 140 °C; (ii) if the film is cooled
too quickly (or quenched) no B-phase might be formed; (iii) if the film is
cooled too slowly a mixture of «- and rather big B-spherulites develops. As
a result, the cooling rate is used as a design tool to control the amount and
size of the B-spherulites in the film. A decrease in the cooling rate (and thus
an increase in the B-spherulite size) is expected in extruded films when at
least one of the following factors is increased: polymer melt, extrusion rate,
die gap, cooling air temperature and chill roll temperature. Specific strate-
gies follow this stage. The first one consists of melting the S-spherulites by
heating the film in between Ty, (8-modification) and Tr(«e-form) and stretch
it [208, 209]. It has been extensively used to roughen BOPP films (Biaxial Ori-
ented PP). The second strategy is the most common one. A film is heated
between 30 and 135 °C and stretched [30, 59, 60, 200, 204-210]. Compared to
non-nucleated PP blended with an inorganic resin (which may or may not
be extracted before stretching), the main advantages of this technique are:
(i) a homogeneous opacity; (ii) the easiness with which thin films are pro-
cessed; and (iii) a high elongation at break. The third and forth way to get
breathable and waterproof articles, patented by Jacoby et al [206,207], are
correlated. Their use depends on the composition of the system, essentially
on the amounts of rubbery phase and low molecular weight PP. A selective
extraction of the f-spherulites with a non-polar organic solvent, preferably
toluene at about 90 °C, is in both cases performed. This might be followed by
a stretching at about 110-135 °C, if the number, form and size of the voids
formed during the removal of the 8-phase is not optimal. Films formed in this
way exhibit good strength and ductility.

7.5
Piping Systems

Homopolymers and copolymers with a strong S-modification offer many
advantages for pressurized pipe applications, especially for chemical dispens-
ing and industrial sewerage systems [61, 73, 80,211-215]. Their high impact
strength, long lifetime, easy handling and jointing, excellent resistance to
chemicals and wide operating window outperform alternative materials. They
are used as a unique material or in combination in multilayer systems.
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In terms of toughness, one should distinguish (i) the long-term perform-
ance assessed by the resistance to slow crack growth (SCG); and (ii) the rapid
crack propagation (RCP) level (also known as fast brittle fracture), which de-
scribes the ability of a grade to trigger unstable crack growth under static or,
more frequently, dynamic loading.

Rapid crack propagation (RCP) is characterized by (i) high crack speeds
(typically 100 ms™' and more); (ii) smooth fracture surfaces with extremely
limited plastic deformation; and (iii) a wavy propagation of the crack along
the extrusion direction. RCP is the consequence of the local exceeding of
a critical stress, energy or pressure. It may be caused either by internal de-
fects (poor welding, fatigue crack of critical size) or external impact damage
during service. Rapid crack propagation can be described with adapted LEFM
parameters, the dynamic fracture resistance, Gp, and the dynamic fracture
toughness, Kp. Their estimation implies the determination of the critical
pressure, pc, at which the crack propagates instantaneously in the system;
the higher this pressure, the higher both Kp and Gp are [216]. Compared to
parameters generated from perforation tests on finished parts or standard
dynamic fracture resistance measurements, Kp and Gp are geometry inde-
pendent and can thus be introduced in calculation codes. The superiority of
B-nucleated PP and its blends is obvious: Kp and p¢ are three times higher
with such grades than with a random copolymer of comparable MFR (pc =
20 bars/Kp = 4.1 MPam'/? towards pc = 8bars/Kp = 1.5 MPa m!/2 [216]).
Another important safety parameter is the temperature at which the transi-
tion from an unstable to a stable (Tq,) mode of failure occurs under a given
pressure. For a S-nucleated PP, T4y, is about 23 °C, for a random PP about
40 °C, both grades being devoted to pipe applications. Consequently, a dam-
age map as a function of the temperature and pressure can be drawn for each
system under investigation (Fig. 39); the higher pc and the lower Tgp, the
more resistant the grades to brittle fast fracture. Moreover, due to the homo-
geneous and fine structure of S-spherulites the frozen-in-stresses in pipes are
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Fig.39 Deformation map as a function of the temperature and the pressure of a random
copolymer and a B-nucleated PP. Data adapted from Greenshields [216]
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Fig.40 Hoop stress plotted as a function of the testing time for both non-nucleated and
B-nucleated PP (resp. BES0 and BE60, Borealis grades). Tests performed at 95 °C

significantly lower, an additional factor which aids their high stability towards
external stresses.

Besides rapid crack propagation, slow crack growth (SCG) is the second
important safety and design criteria in pipes. It is traditionally assessed by
the long-term hydrostatic strength (e.g. hoop stress). The higher the hoop
stress and the flatter its evolution as a function of time, the more resistant
is the material to slow crack propagation. Fig. 40 highlights the excellence of
a B-nucleated PP towards its non-nucleated homologue, both grades having
an MFR of 0.3 dg min~! usual for pipe applications. Micromechanically, SCG
as a unique factor of this review is driven by a competition between crazing by
disentanglement (at lowest test speeds and highest temperatures) and shear-
ing (under somewhat higher test speeds and lower temperatures), all other
parameters being controlled by a competition between shearing and crazing
by scission (which has been designed as “crazing” in this article). This is,
among others, the reason why (i) slow crack growth can only be simulated
by time-consuming long-term tests; and why (ii) care should be taken by ex-
trapolating data obtained in one temperature range into another since the
dominant damage mechanisms in both ranges are not necessary the same.

8
Conclusion

This review has highlighted several aspects of the toughness of S-nucleated
PP. Although its long-term behavior because of its relevance in pipe applica-
tions has been outlined, the focus has been on dynamic fracture properties,
a topic which has been largely documented in the literature. Ductile-brittle
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fracture maps as the basis of the understanding of the mechanical perform-
ance of B-modified grades have been established. The influence of intrinsic
parameters like molecular weight, polydispersity and matrix randomization
has been discussed, that of extrinsic factors like stress-state, processing con-
ditions, test speed and temperature illustrated. All of them have been shown
to play a non-negligible role in the macroscopic mechanical response of the
materials. Except for long-term properties, two damage processes have been
shown to govern the fracture resistance of the §-PP: crazing by scission at
low temperature and high speed and matrix shearing at lower strain rate and
higher temperature.

Under defined conditions, the toughness is also driven by the content
and spatial distribution of the B-nucleating agent. The increase in fracture
resistance is more pronounced in PP homopolymers than in random or
rubber-modified copolymers. In the case of sequential copolymers, the mo-
lecular architecture inhibits a maximization of the amount of the S-phase;
in heterophasic systems, the rubber phase mainly controls the fracture be-
havior. The performance of -nucleated grades has been explained in terms
of smaller spherulitic size, lower packing density and favorable lamellar ar-
rangement of the f-modification (towards the cross-hatched structure of the
non-nucleated resin) which induce a higher mobility of both crystalline and
amorphous phases.

The damage process is accompanied by numerous microvoids, the devel-
opment of which has been utilized for waterproof and/or breathable films.
Other interesting segments are fibers, glass-fiber reinforced PP, thermo-
formable grades and piping systems.
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Abstract The increasing economic importance of the polymer industry is responsible for
a growing interest in the prediction of the lifetime of polymers. Although the influence
of molecular parameters on the fatigue resistance in polymers has been intensively ad-
dressed, little work has been devoted to the same topic in stress cracking environments.
Because of the complexity of the topic, we have studied different cases of mechanical
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loading, short-time, long-time, static, and dynamic in a stress cracking environment with
special attention paid to fatigue, where the polymer is dynamically loaded over a long
period. Fatigue crack propagation experiments can be employed as a fast and effective
method for determining the long-term mechanical properties of polymers. We have par-
ticularly studied the effect of molecular weight, chain regularity, medium parameters, and
processing and treatments on fatigue resistance. Special attention is also paid to the ex-
isting environmetal stress cracking prevention methods. We present an overview of the
existing work and also our personal contribution to the field.

Keywords Environmental stress cracking - Fatigue crack growth - Molecular variables

Abbreviations

ag length of precrack

ABS acrylonitrile butadiene styrene
ACETOPH acetophenone

ACI acetone

b semiminor axis

BCN butyl acetate

C compliance

CED cohesive energy density

COD crack opening displacement
CT compact tension

d sample thickness (CT-specimen)
AEvap heat of vaporization

AK stress intensity factor amplitude
AKy, threshold value of AK

AK. critical value of AK

dp/dx pressure gradient

Egyn dynamic elastic modulus

EP epoxy resin

ESC environmetal stress cracking
ESCR environmental stress cracking resistance
F force

FCP fatigue crack propagation

Fm molar attraction constant

Gic energy per unit area of crack
HIPS high-impact polystyrene

IPA isopropyl alcohol

k Darcy’s constant

Kic critical stress intensity factor
M molecular weight

MWD molecular weight distribution
N number of cycles

NMR nuclear magnetic resonance
PA polyamide

PC polycarbonate

PE polyethylene

PE-HD high-density polyethylene
PE-LD low-density polyethylene
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PE-LLD linear low-density polyethylene
PMMA polymethylmethacrylate

PP polypropylene

PS polystyrene

PTFE polytetrafluoroethylene

PU polyurethane

pvC polyvinylchloride

PVDF polyvinylidene fluoride

R stress ratio

S/N stress versus number of cycles
SAN styrene acrylonitrile

SCC stress corrosion cracking
SEM scanning electron microscopy
t specimen thickness

t failure time in Igepal solution
T temperature

TCB trichlorobenzene

Tg glass-transition temperature

U/MMA  urethane methacrylate
UHMWPE ultra-high-molecular-weight polyethylene

VE bisphenol-vinylester resin
Vin molar volume
w ligament length
X distance along semimajor axis to point of interest
8 Hildebrand solubility parameter
elliptical rig
ECR critical strain value
w liquid viscosity
1
Introduction

Environmental stress cracking (ESC) is the premature initiation of crack-
ing and embrittlement of plastics due to the simultaneous action of stress
and strain and contact with specific fluids [1]. The ESC failure phenomenon
is of great practical significance for polymeric materials since it was first
noted in the early 1950s. In contrast, environmental degradation of plastics
is a different phenomenon, describing the change in the chemical struc-
ture of a polymer material under specific environmental conditions including
thermal degradation, photodegradation, thermooxidation, hydrolysis, weath-
ering, aging, moisture, and biodegradation [2].

If a polymer is exposed to a chemical environment, the material can un-
dergo numerous changes. These can vary from weight gain if the polymer
absorbs the chemical, to weight loss if the polymer is degraded by the chem-
ical, or, if the chemical extracts the low-molecular-weight fraction of the
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polymer, to dissolution if the chemical is a good solvent of the polymer, or it
can lead to other changes such as variations in color and opacity.

Environmental factors are of extreme importance to the service life of en-
gineering components made out of plastics. The combined loading of a plastic
material by mechanical stresses and physical and/or chemical active sub-
stances results in a very complex material behavior that is not identical with
an exclusive mechanical loading or an exclusive physical and/or chemical
attack. Therefore, the nature of the effect that the simultaneous action of
mechanical and environmental parameters may have on the mechanical prop-
erties is the subject of ongoing research in the development of improved and
more resistant engineering plastics. Today, it has been revealed that ESC is the
most common cause of plastics product failure. ESC is responsible for more
than 30% of all serious premature inservice failures of plastic components [3].
Ninety percent of these failures involve glassy amorphous thermoplastics in
contact with fluids like paints, adhesives, cleaning agents, lubricants, plas-
ticizers, inks, aerosol sprays, antirust agents, leak-detection fluids, lacquers,
fruit essences, and vegetable oils. The contact is mostly unintentional or ac-
cidental. ESC might happen, for example, with pump wheels subjected to
chlorine-containing flue gases or blow-molded PVC bottles exposed to some
specific cleaning fluids. ESC is difficult to predict. When polyethylene (PE)
pipes are used for natural gas distribution, the resistance to failure or service
life is a critical consideration. The ESC phenomenon of PE, for example, was
identified by Lustiger [4], and useful tools for determining the relative ESC re-
sistance (ESCR) of various types of PE and as a quality control for assuring
product quality have been developed.

The likelihood of failure due to ESC depends on the specific polymeric ma-
terial, environmental conditions, and the nature and magnitude of the stress
or strain applied. For economic reasons, the vast majority of data in the lit-
erature has been generated using relatively short-term tests under constant
stress or strain or gradually increasing loads. The wider use of plastics in
load-bearing applications has led to considerable interest in behavior under
alternating loading conditions, at applied stresses that are well below the
tensile yield or fracture stress. In service, many plastic components will expe-
rience fluctuating loads due to vibrating machinery or variations in pressure
or temperature. For a given value of applied stress, the time to failure under
cyclic loading is much less than the creep rupture time or the time to failure
under steady loads. The present contribution therefore gives specific consid-
eration to aspects of ESC behavior of plastic materials under fatigue loading
conditions.

The word fatigue denotes the mechanical decay of a component subjected
to variable cyclic or random forces. It is important to dinstinguish between
dynamic fatigue and static fatigue. The constraint types can be very different;
they provoke local deformations whose intensity and orientation can vary.
This type of excitation generates heat and favors the mobility and sometimes
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the rupture of the molecular chains. Hence, it has the potential to be much
more damaging for a polymer than a constant and high constraint. When
this kind of cyclic loading is combined with an aggressive environment, the
danger of polymer failure can increase dramatically: this can lead to a fail-
ure at load levels far below the limits determined under monotonous loading
conditions.

1.1
Mechanisms of Environmental Stress Cracking

ESC is mostly a surface-initiated failure of multiaxially stressed polymers in
contact with surface-active substances. These surface-active substances do
not cause chemical degradation of the polymer, but rather accelerate the pro-
cess of macroscopic brittle-crack failure. Crazing and cracking may occur
when a polymer under multiaxial stresses is in contact with a medium.
A combination of external and/or internal stresses in a component may be
involved.

Many parameters influence the resistance of a plastic part in contact with
a stress cracking environment:

e The polymer itself: chemical structure, configuration, conformation;

e Processing: molecular orientations, internal stresses, morphology, surface
homogeneity;

e Environment: physical and chemical properties of medium, temperature;

e Load: type and rate of loading, velocity/duration of test;

e Geometry: size and shape of part, presence of heterogeneities or cracks.

To understand the principles of ESC, it is helpful first to look at the time
dependence of the fatigue strength or the static creep rapture characteristics
of an amorphous polymer tested in air. It is well known that in a long-term
experiment the time to failure will increase with a decreasing level of stress or
strain. For all materials, if the measurement time is long enough, a transition
from a ductile yielding behavior to a brittle fracture behavior is observed.
This embrittlement process may cause sudden fracture of a plastic material
even at very low levels of stress. The incubation time of this naturally occur-
ring embrittlement process is influenced by many factors, for example by the
ambient temperature and the type and rate of loading, but particularly by the
presence of a physical or chemical active medium. ESC is directly related to
a reduction in the incubation time of stress cracking as a consequence of an
attack of a physical or chemical active medium.

The decrease in the time-dependent failure strength falls into three
regimes. In regime III, high load levels can be applied, and therefore the fail-
ure times are short and the influence of a stress cracking environment is only
small compared to air. In the transition regime II, the time to failure is signifi-
cantly reduced in the presence of a stress cracking agent. In regime I, typically
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very long failure times but at very low load levels are observed. In contact
with different stress cracking fluids in this regime, the failure time is always
significantly reduced in comparison to air.

In regime III, ductile failure is observed because at the surface of a macro-
scopic specimen, a high number of preexisiting microscale defects under
sufficiently high stress will generate a high density of locally yielded sites,
and these sites will grow and multiply with time under stress due to the
time-dependent reduction in yield strength. This leads to a coalescence of
the yielded sites and eventually to a macroscopic yield failure of the mate-
rial. However, from regime II to regime I, when the applied stress is lowered,
only a few (severe) sides will be microyielded, and these will tend to grow
slowly with little chance of coalescence with near neighbors. These planar
yielded zones might cavitate and fibrillate to become crazes, which eventually
reach a critical length for fast unstable crack growth. Thus, high stresses in
regime III promote early ductile failure and low stresses in regime I promote
delayed brittle failure, while in regime II the transiton between ductile and
brittle behavior occurs.

As discussed earlier, ESC of polymers is due to a more or less localized
progressive degradation of the mechanical properties of the polymer start-
ing at preexisting microscale defects. First, molecules from the environment
diffuse into the polymer material and cause plasticization of the near-surface
layer [5-10]. The plasticization leads to easier craze formation [6, 11, 12]. The
basic mechanism of craze initiation is one of main-chain motion leading to
the formation of very small voids (< 30 nm). These voids can then coalesce
into planar bands that finally become crazes. Crazing is an energy-dissipating
process that always happens on lower energy levels in comparison to shear
yielding. It has been shown by Kramer [13] that the formation of crazes in
the presence of a medium is essentialy identical to that found in air under
normal conditions. Once formed, these crazes grow due to the passage of en-
vironmental molecules along the craze, leading to further plasticization of the
craze tip and weakening of the craze fibrils [14]. Enhanced disentanglement
and chain scission of the molecules due to a solvent is possible. Kramer [13]
gives two plausible reasons why an environment can cause an accelerated
craze initiation. The first reason is that the environment diffuses into the
material and plasticizes it by interrupting the secondary bonds at entangled
sites. This will allow easier chain motion and hence easier void formation.
The plasticization hypothesis states that the solvent and vapor agents reduce
the glass transition temperature and thus the yield stress near craze tips,
thereby allowing flow processes to occur more readily. The second reason is
that the surface energy is lowered in the presence of the liquid and so void
formation is made easier. The surface energy hypothesis states that by wetting
the holes in a craze, surface-active agents reduce the energy for craze for-
mation. In a recent work, Kefalas showed that both effects complement each
other rather than being mutually exclusive [15].
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Besides the stress of state in the polymer, environmental stress cracking in
polymers involves both solubility and absorption rate phenomena. Sensitiz-
ing media that cause ESC can be divided into two categories: those that swell
or wet the polymer and those that chemically react with the polymer. The
medium may be gaseous or liquid. The former mechanism has been the sub-
ject of numerous studies and is commonly recognized as the primary cause
of the majority of chemically induced failures of polymers. Although both
amorphous and semicrystalline polymers are susceptible to ESC, it is well
known that amorphous polymers tend to be more at risk. The close pack-
ing of chains in the crystalline domains of semicrystalline polymers acts as
a barrier to fluid.

A limiting factor for the growth of solvent-induced crazes in glassy ho-
mopolymers might be the hydraulic transport of the sensitizing medium
through the porous craze to the craze tip [16]. If the transport is too slow,
a propagating craze might be initiated by the attack of a medium, but craze
growth and further fast crack propagation are not affected, given that the
transport of the sensitizing medium is not fast enough to the tip of the pro-
cess zone around the crack tip. This aspect might also be very important for
all accelerating experiments to evaluate the ESCR of a polymer for a given
application.

The driving force behind the liquid transport has been determined by
Kramer and Bubeck to be capillary pressure [17]. The velocity of liquid flow
V is expressed by Darcy’s equation

k /dpP
V:M<dx>’ W

where p is the liquid viscosity, k is Darcy’s constant, and dP/dx is the pressure
gradient.

Kambour et al. performed extensive studies on the mechanisms of plasti-
cization [18-25]. The correlation observed between the critical strain to craze
and the extent of the glass-transition temperature (Tg) depression speaks
strongly in favor of a mechanism of easier chain motion and hence easier
void formation. In various studies on polycarbonate [19,24], polypheny-
lene oxide [20], polysulfone [21], polystyrene [22], and polyetherimide [25],
Kambour and coauthors showed that the absorption of solvent and accom-
panying reduction in the polymer’s glass-transition temperature could be
correlated with a propensity for stress cracking. The experiments, performed
over a wide range of polymer-solvent systems, allowed Kambour to observe
that the critical strain to craze or crack was least in those systems where the
polymer and the solvent had similar solubility values. The Hildebrand solu-
bility parameter § [26] is defined as

AE
_ 1/2 _ vap
§ =(CED)"/* = ( v ), (2)

m
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where CED is the cohesive energy density, AEy,p the heat of vaporization, and
Vm the molar volume. Hansen [10] proposed that the solubility parameter is
given by contributions from the three major types of cohesive forces

2 __ g2 2 2
8% =85+ + 6, €)

where 84, 8p, and 8y, are the dispersive, polar, and hydrogen bonding com-
ponents of the total solubility parameter, respectively; if the solubility pa-
rameter of the solvent is close to the solubility parameter of the polymer,
the polymer will most likely show some solubility as the solvent or undergo
solvent-induced crystallization, in keeping with the adage that “like dissolves
like.” Because the solubility parameter of a polymer cannot be calculated di-
rectly from the heat of vaporization, indirect methods such as solvent swelling
and group-contribution approaches are used. In the group-contribution ap-
proach [10], the solubility parameter is determined by using the equation

_ L Fm

X Ve’
where F,, is the molar attraction constant and V,, is the molar volume
for each subsegment of the polymer repeat unit. For strongly polar and
hydrogen-bonding liquids, 2D solubility parameters such as those used by
Jacques and Wyzgoski [27] might have to be used.

Most of the above-cited work neglects the effect of stress or strain as a ten-
sor. They mostly apply uniaxial stress or strain criteria. Unfortunately, most
of the applications where ESC has been reported apply biaxial or multiaxial
stresses to the polymer. Therefore, a more general model of the phenomenon
of ESC is expected to account for generalized polymer-surface active agent
systems, but also to account for generalized stress states in the material.

Kawagoe and coauthors studied ESC on polymethylmethacrylate (PMMA)
and reported that ESC occurs not only under tensile stresses but also under
compressive or shear stresses [28-30]. Kawagoe and Kitagawa also tried to
develop a criterion for ESC, which is valid also for mutiaxial stress states in
a PMMA-kerosene system. Considering pressure changes due to the solvent
and Ty depression, they develop a criterion that matches their experimental
data. Remarkably, this model does not take into account the thermodynamics
of the system undergoing ESC at all. Kambour and others have clearly shown
that the choice of a particular system that can be defined in terms of thermo-
dynamic parameters, such as the solubility parameter, definitively affects the
onset of ESC, depending on the amount of interaction between the polymer
and the environmental agent. Unfortunately, their model has not been tested
for any systems other than PMMA-kerosene.

A review of the recent literature related to ESC behavior and different poly-
mer matrices is given in Table 1.

b (4)
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Table 1 Polymer-matrix-related literature 1990-2004 on ESC

Matrix Reference Matrix Reference
PE [31-37] PU, PU/MMA 8, 49-52]
PP [31] PET [53]

PS [38] PA [54]

SAN (38, 39] PVC [10, 48, 55]
ABS [12,40-42] PTFE, PVDF [56,57]
PC [10, 40, 43-46] EP [58]
PMMA [43, 47, 48] VE [59]

1.2

Review of Different Conventional ESC Testing Methods

For the development and application of a component made from a polymer
material, it has to be verified that the component has a sufficient resistance
against a possible attack of a corrosive medium. Obviously, the most reli-
able method for evaluating the stress cracking resistance of a polymer for
a given application is to examine its performance under simulated end-use
conditions. These experiments are time consuming and sometimes tech-
nically impossible to perform. Alternatively, environmental stress cracking
resistance (ESCR) can be determined by some type of standard testing pro-
cedures whose results can be related to the stress and strain levels observed
under end-use conditions. It is useful to briefly summarize here current test-
ing methods.

A few of the numerous tests that have been developed to evaluate ESCR are
listed in Table 2. The tests differ mostly in the way the external stress or strain
is applied.

ASTM D 1693 describes a test for evaluating the ESCR of polyolefines
in environments such as soaps, wetting agents, oils, or detergents. Strips of
polymer, each containing a controlled defect, are placed in a bending rig
and exposed to a stress cracking agent. The number of specimens that show
cracks over a given time period is recorded.

Table2 Commonly used tests for evaluating ESCR

ASTM D 1693 ESC of ethylene
ISO 4600 Resistance to ESC-BALL/PIN impression method
ISO 6252 Resistance to ESC-constant-tensile stress method

ISO 4599 Resistance to ESC-bent-strip method
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ISO 4600 details a ball or pin impression method for determining the
ESCR. In this procedure, a hole of specified diameter is drilled in the plastic.
An oversized ball or pin is inserted into the hole, and the polymer is exposed
to a stress cracking agent. The applied deformation, given by the diameter of
the ball or pin, is constant. The test is multiaxial, relatively easy to perform,
and with not very well-defined specimens, and the influence of the surface
is limited. Drawbacks are the small testing surface and the undefined stress
state. After exposure, tensile or flexural tests may be performed on the speci-
mens. This leads to the determination of either the residual tensile strength
or the residual deformation at break.

A constant tensile-stress method is outlined in ISO 6252, in which a test
specimen is exposed to a constant tensile force while immersed in a stress
cracking agent so as to determine the time to rupture under a specified stress.
This uniaxial test leads to the determination of the lifetime of the specimen
with accuracy, but it is time consuming and requires complex equipment.
Variations of this test include a tensile creep test that monitors the strain
and a monotonic creep test that uses a constant stress rate instead of a fixed
stress [1].

Another bent-strip method for evaluating the ESCR is presented in
ISO 4599. In this test, strips of a plastic are positioned in a fixed flexural strain
state and exposed to a stress cracking agent for a predetermined period. The
test is uniaxial and simple to perform, and the deformation is constant. Be-
cause of the molecular chain relaxations, the stress state is well defined only
at the beginning of the test. After exposure to the medium, the strips are re-
moved from the straining rig, examined visually for changes in appearance,
and then tested for some indicative property such as tensile strength.

The critical-strain test attempts to determine the minimum strain required
to initiate crazing in the presence of a stress cracking agent. The test is most
commonly performed using a Bergen elliptical strain rig: a strip of plastic is
placed in the rig, which is patterned like a quarter of an ellipse, and exposed
to a stress cracking agent [60]. The strain at any point along the elliptical rig,
&, is given by the equation

-3
th 1 b\ ]2
8=2a2|:1_(a2_a4)x} ’ (5)

where a is the semimajor axis, b the semiminor axis, t the specimen thickness,
and X the distance along the semimajor axis to the point of interest.

This critical-strain concept is widely used in conjunction with bend-test
methods, with the aim of specifying and comparing the severity of ESC for
a range of environments [11, 14, 55, 61]. It has been found experimentally that
crazing occurs fairly rapidly when the strain is greater than some character-
istic critical value ecrit, while crazing remains effectively absent below this
value, even for very long test times. The value of ¢t can therefore be used as
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a convenient measure of the hospitality of the environment [62]. The reason
that the critical-strain concept holds for the case of bend tests is that under
these conditions of the stress relaxation, the applied stress, which is the driv-
ing force for crazing, will decay relatively quickly. This is particularly true
when swelling and plasticization occur as the environment diffuses into the
surface and as crazes open up.

In addition to those standardized tests, two other test methods, monotonic
creep and microhardness, have been developed by Hough and Wright [48].
In the monotonic creep test, the strain response to a constant stress rate
is monitored. The deviation of the stress-strain characteristics in air and
in the fluid of interest is taken to be the initiation of ESC. This method is
shown to differentiate to a high resolution between polymers, and in the short
term, the ESCR of polymer/fluid pairs that exhibit mild/weak interactions
can be distinguished. The microhardness method, in which a pyramidal di-
amond indentor is pressed into the surface of the polymer component at
a known load and for a known time, has the potential for mass screening
of plastic/fluid compatibility, including extraction as well as absorption, and
should be of interest to polymer suppliers.

Each of the previously mentioned tests has its advantages and disad-
vantages. The choice of the best method for evaluating the performance of
a specific material will depend on which test most closely simulates end-use
conditions (i.e., constant stress vs. constant strain, etc.) and on the failure
criterion selected by the designer. Critical strain is an excellent method for
evaluating stress cracking resistance if the mere appearance of crazing consti-
tutes failure since the test determines the minimum strain required to initiate
a craze. However, it should be emphasized that the appearance of crazing
does not necessarily indicate a significant loss in mechanical properties of the
component.

13
Fracture Mechanics Testing Methods for ESC Investigation

The concepts of fracture mechanics have attracted increasing interest over the
last 60 years. About 20 years ago, the European Structural Integrity Society
(ESIS) was asked to study the application of fracture mechanics to polymers.
The ESIS TC4 testing protocol from 1990 is still the basis for characterizing
the toughness of plastics in terms of the critical stress intensity factor Ki. and
the energy per unit area of a crack Gy at fracture initiation. Fracture me-
chanics is an alternative method of choice for the investigation of ESC. For
fragile materials especially it offers better reproducibility than conventional
test methods. In principle, the resistance of a material against crack propa-
gation is determined. This can be done in any environment. The propagation
mechanisms are very similar to the mechanisms of static failure. Several lab-
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oratories have used the concepts of fracture mechanics to evaluate stress
cracking in plastics [53, 63-65].

The basic premise is that the strength of a material is determined by the
presence of flaws. To study the fracture behavior, a well-defined flaw or crack
is machined into a specimen prior to testing. The specimen is stressed, and
the growth of the precrack in the presence of a stress cracking agent is moni-
tored until failure. In a very simple procedure the specimen with the precrack
is dipped into the test medium and loaded under constant force. The load
can be applied by a simple weight or by a universal testing machine. Dur-
ing the experiment the increase in crack length is monitored as a function of
time. If the crack starts to extend, since the load on the specimen is kept con-
stant, an accelerated crack propagation is observed. From the dependence of
the crack propagation rate on the stress intensity factor a characteristic ma-
terial property as the resistance against stable crack propagation Kisc. (SCC -
stress corrosion cracking) can be determined and correlated with the applied
medium.

1.4
Fatigue Crack Growth Used for ESC Investigations

A further development of this procedure is fatigue crack propagation (FCP)
experiments in the presence of a stress cracking environment. While in the
fracture mechanics test methods described above the specimen is under con-
stant load, in a FCP experiment the specimen is tested under cyclic loading
conditions in the presence of a sensitizing medium.

Besides impact, fatigue is the most critical loading mechanism for a mate-
rial, especially under stress cracking environments (Fig. 1).

Materials with viscoelastic properties

short term long term long term short term
(cyclic) (single)

stress stress stress stress
fracture [ fracture ‘\/\/\
strain time ﬁ"le time
high low
loading  loading
static creep fatigue BN  impact
minutes hours hours < seconds
to years to month

test duration

Fig.1 Different loading conditions for polymers
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1.4.1
Important Parameters for FCP Experiments

As shown in Fig. 2, the variables describing a fatigue experiment are numer-
ous. Besides mean stress, stress amplitude, and frequency, the load type and
history have to be selected in a proper way prior to testing.

For the characterization of the fatigue properties of polymers and poly-
mer composites, Wohler experiments to establish S-N diagrams are usually
employed (Fig. 3).

Definitions related to fatigue testing
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Fig.2 Important parameters related to fatigue testing
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Fig.3 Typical S-N diagram for different polymers
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With this technique, the number of cycles to failure, N, is determined for
different load levels, S. The Wohler S-N curve is the classical way of pre-
senting the fatigue strength of a material. For steel there normally exists
a fatigue limit below which failure will not occur since the Wohler S-N curve
is practically horizontal beyond about 2 million load cycles. This, however,
is conditional upon there being no influence exerted by a corrosive medium,
because otherwise the Wohler S-N curve will continue to fall as the num-
ber of load cycles increases, and no fatigue limit will exist. If the specimen
is completely surrounded by the stress cracking environment, S-N diagrams
are very suitable for monitoring the SCC behavior. But these experiments are
both costly and time consuming due to the number of samples that must be
stressed in an expensive test machine for days or weeks until fracture. Fur-
thermore, the number of cycles to failure provides nearly no indication of the
fatigue limits for a given application of a polymeric material because, in most
cases, it is the loss of rigidity or the first irreversible material changes rather
than the fracture that are of greater importance in stress cracking environ-
ments.

In contrast to Wohler experiments, FCP experiments are a very fast and ef-
fective screening method. For a review, see Herzberg [66], Kausch [67], and
Suresh and Pruitt [68-71]. The advantages of this method, such as the need
for a very small quantity of test material (less than 10 g), the broad range of
fatigue propagation rates measured with one specimen, and a well-defined
stress state at the crack tip, favor the use of FCP experiments instead of tra-
ditional Wohler experiments [72]. Important information about the FCP of
a material in a specific environment can be obtained within 1 d by a single
experiment with the help of a FCP diagram.

1.4.2
Fatigue Crack Initiation vs. Fatigue Crack Propagation Phase

Whereas fracture mechanics is ideal for studying the effect of a preexist-
ing crack on the residual strength of a polymer material, it provides no
insight into the mechanism for initiation of a crack or craze upon exposure to
a stress cracking agent. Mechanical fatigue failure is due to the initiation and
propagation of a crack. Both initiation and propagation might be affected by
a stress cracking environment.

All fatigue failures involve two phases: the first one is the initiation
of microcracks at preexisting microscale defects or other inhomogeneities
that may occur at load levels far below the yield strength or the tensile
strength of the material [73]. The second phase is the propagation of these
cracks, which leads to total failure of the component. In order to predict
the lifetime of polymers, it seems natural to explore both the initiation
and the propagation phases. Specific molecular variables may have differ-
ent effects on the initiation phase as compared to the propagation phase.
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Therefore, it is not surprising that the tests performed on unnotched spe-
cimens happen to give significantly different results from the tests per-
formed on notched specimens. From the fracture surface a clear distinc-
tion between thermal and mechanical breakdown is mostly possible. In un-
notched specimens, significant temperature rises can occur during the load-
ing phase even at relatively low frequencies, and these lead to a reduced
fatigue durability. On the other hand, in precracked specimens, the stress
is concentrated at the crack tip, allowing tests to be performed at much
higher frequencies without provoking thermal failures. Moreover, a localized
temperature rise in the crack-tip region can improve the fatigue perform-
ance by allowing greater plastic deformation and producing crack-tip blunt-
ing.

Figure 4 shows results investigations by Sauer and Hara [73], where the
crack initiation limit for PMMA is shown in addition to the failure line.
Comparing the time period from the beginning of the experiment to crack
initiation, it becomes clear that the lifetime is determined by the duration
of the crack propagation phase. This is the fundamental assumption of the
fracture mechanical description method.

Many studies have been devoted to the influence of several factors on FCP
and the total lifetime to failure; however, little information is available in the
literature concerning the effect of material and test variables on craze initia-
tion.
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Fig.4 Wohlerdiagram for PMMA [73]
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1.4.3
Fracture Mechanics Principles of Fatigue Crack Propagation

FCP, particularly when expressed as the fatigue crack growth rate da/dN as
a function of crack-tip stress intensity factor range AK, characterizes a ma-
terial’s resistance to stable crack extension under cyclic loading. The method
to study the propagation phase has been described in detail by Hertzberg
and Manson 1980 [66]. Based on the ASTM E647, a new test protocol for
FCP of polymers has been developed and was published in 2001 within the
ESIS TC4 [74]. Each compact tension (CT) specimen is loaded dynamically
with a servohydraulic test machine until fracture of the specimen. Figure 5
illustrates the CT test specimen used mostly.

The tests are usually performed at room temperature, at a frequency of
10 Hz, and the crack propagation is monitored using a front face displace-
ment gauge. The applied waveform is sinusoidal, with a constant load am-
plitude, and a minimum-to-maximum load ratio, R, of 0.1. Before starting
a fatigue experiment, the dynamic elastic modulus Egy, of the specimen is
calculated from the measured precrack length ag, the dimensions of the CT
specimen, and the specimen compliance. The initial precrack length is esti-
mated from the crack appearance at both sides of the specimen. This value of
Egyy is subsequently used to calculate the crack length a as a function of N,
the number of load cycles applied to the specimen. For tests under environ-
ments, the critical fluid can be applied through a soaked sponge fixed on both
sides of the specimen as an unlimited source.

In each test, a precrack is first introduced ahead of the machined notch
using a razor blade in order to minimize a possible effect of the plastic de-
formation ahead of the precrack. This initial precrack is then extended by
approximately 2 mm under computer control by increasing the load ampli-

i initial crack
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Fig.5 Compact tension (CT) specimen
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tude until a crack growth rate of 0.1 pm per cycle is obtained. For the first
specimen of a given material, the load amplitude is then reduced until fatigue
crack growth is no longer detectable, thereby defining AKy,, the nominal
threshold value of the cyclic stress intensity amplitude. Afterwards, the same
specimen is tested with an increasing AK: the load amplitude is raised slightly
so that the crack propagates at a gradually accelerating rate, because of the
increase in AK with crack length. This leads to the definition of AK, the crit-
ical value of cyclic stress intensity amplitude. During loading, an increase in
crack length resulting from fatigue crack propagation is observed indirectly
through a quasicontinuous measurement of the compliance C of the sample
as a function of the number of cycles. The change in crack opening displace-
ment (COD) is measured at the front of the CT specimen with a COD gauge.
At the same time, the force amplitude Fnax — Fmin is measured. From ACOD
and AF the change in compliance C can be calculated. The test frequency f
and the stress ratio R = Frax/Fmin are held constant. Usually, tests are only
conducted in the opening mode (mode I). Depending on the software of the
controller, the experiments might also be conducted under AK control. The
crack length a is calculated by a compliance technique published by Saxena
and Hudak [72]:

a
W 1.0002 - 4.0632u + 11.242u% - 106.04u° + 464.33u* - 650.68u°.  (6)

The quantity u is given by
1 _ CODax = CODpin

= s C
\/CEdynd+ 1 Fmax = Fmin

where W is the ligament length, d is the specimen thickness, Egyy, is the elas-
tic modulus, C is the compliance, F is the load, and COD is the crack opening
displacement.

The amplitude of the stress intensity factor AK for mode I loading of
a compact tension specimen is given as

AK=f<;‘l,>x(Fle;;min), (®)

where
G-(ath) ¥
x [0.886 +4.64 (;,) ~13.32 (;,)2 +14.72 (;,)3 56 (;)4} .

, (7)

u
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1.4.4
Fatigue Crack Propagation Diagram

In a FCP diagram, the crack propagation rate da/dN is illustrated as a func-
tion of the amplitude of the stress intensity factor AK:

AK = Kmax = Kmin. (10)

Paris [75] showed in 1964 that a linear relationship predicted by a simple
power law for a double-logarithmic scale exists between the FCP rate da/dN
and the applied AK (Fig. 6). The linear dependence is frequently observed
only over an intermediate range of growth rates. On the double-logarithmic
scale, the region of stable crack growth is usually satisfactorily described by
the Paris-Erdogan equation

da/dN = my(AK)™, (11)

where the parameters mg and n are material constants and AK is the stress
intensity factor range at the tip of the crack. In general, the exponent # in
Eq. 11 varies with the R-ratio, but it frequently has a value close to 4. When
investigating a wide range of crack propagation rates, deviations from this
linear behavior may be observed, as illustrated schematically in Fig. 6. That
is, FCP rates decrease rapidly to vanishingly small values as AK approaches
the threshold value AKy,. This AK level defines a design criterion that is anal-
ogous to the fatigue limit determined from traditional S-N curves [66]. FCP
rates increase markedly as AK approaches K.y, at which unstable fracture oc-
curs within one loading cycle. From the viewpoint of evaluating a materials
fatigue resistance, any decrease in FCP rates at a given value of AK or, alter-
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natively, any increase in AK to drive a crack at a given speed is, of course,
beneficial.

1.4.5
Fatigue Crack Propagation at Constant Stress Intensity Factor AK

Obtaining a distinct curve of da/dN vs. AK requires a well-defined crack
propagation rate at each single value of AK. During crack propagation, the
crack tip is passing through dissimilar volume elements of the specimen that
are assumed to be similar in properties. Because any material constrains
a certain amount of inhomogeneities, there exists a scatter in the local crack
propagation rate that reflects these inhomogeneities in the material (assum-
ing signals from the load cell and the COD transducer with very low noise). To
investigate the degree of homogeneity of a material, with a suitable software it
is possible to control the FCP through the specimen at constant AK. At a con-
stant AK, the crack propagation rate should be constant in a homogeneous
material. Thus the scatter in the crack propagation rate da/dN at constant AK
test conditions reflects the amount of heterogeneity in the material. By this
approach it is also possible to generate a fracture surface at a constant crack
propagation rate da/dN of 1 or 15 mm in length, which reflects the resulting
morphology at a predetermined crack propagation rate.

As an example, Fig. 7 shows a plot of da/dN vs. crack length ratio a/W
(which is proportional to the actual crack length) for different constant AK

cast PMMA (M= 460,000 g/mol)
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Fig.7 Plot of da/dN vs. crack propagation rate for W 33 CT specimens from cast PMMA
at different constant AK levels
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values. Each curve reflects the behavior of one single specimen. For the
CT specimens used in this experiment, an a/W ratio of 0.4 corresponds to
a crack length of approx. 13.2 mm and a ratio of 0.7 corresponds to a length
of approx. 23.1 mm. The crack was extended by about 10 mm at each AK
level. For all curves, the ordinate on a logarithmic scale shows a typical,
but small, scatter. The graph of these data vs. AK is shown in Fig. 8 to-
gether with an ordinary FCP curve of the same material measured with
a delta AK increase of 0.08 MPa ./m. The length and position of the ver-
tical bars measured at various AK levels and with different CT specimens
agrees well with the curve which determined with one single CT speci-
men in a AK increase experiment. Thus, performing FCP measurements
at an appropriate constant stress intensity factor AK is an excellent means
to demonstrate the homogeneity of a material and to identify the preva-
lent micromechanical mechanism of FCP from the corresponding fracture
surfaces.

Another important challenging possibility obtained by constant AK-
FCP experiments is direct investigations of a propagating crack exposed to
a chemical environment. Assuming an initially constant crack propagation
rate, the injection of a medium that will penetrate to the crack tip by capillary
forces can accelerate or decelerate crack propagation, depending on the mi-
cromechanical effect of the medium on the polymer at the crack tip. This will
induce time-dependent changes in the crack propagation. Figure 9 depicts
aplot of a/W vs. N for an inhomogeneous crack propagation. During the first
10000 cycles the crack propagates at a constant rate represented by the con-
stant slope in Fig. 9. At point A, isopropyl alcohol (IPA) was injected. After the
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Fig.8 Buildup of a conventional FCP curve by data obtained from Fig. 7
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Fig.9 Plot of crack length ratio vs. number of cycles provides information about time-
dependent inhomogeneous crack propagation

injection, between points A and B, very slow crack propagation was observed.
After 55000 cycles (point B), the crack was observed to suddenly speed up un-
til point C, where stable crack propagation was again observed, although at
a lower rate as in air. Explanations for this manner of crack growth behavior
can be found in detail in the following chapters.

1.4.6
Factors Influencing Fatigue Resistance in Stress Cracking Environments

The following sections give consideration to various aspects of environmen-
tal stress cracking in polymers and particularly to fatigue crack growth of
polymers in contact with a stress cracking agent. Three groups of intrinsic
and extrinsic parameters have a noticeable influence on the lifetime of a spe-
cimen. These three groups are linked to the material itself, to the specimen,
and to the testing conditions. For the material itself, in the case of polymers,
the chemical structure and cross linking are important, but one also has to
consider the molecular weight and molecular weight distribution (MWD),
molecular orientation, and crystallinity. Semicrystalline polymers with a high
molecular weight My, and a narrow distribution My /M, are the most qual-
ified for fatigue resistance. Furthermore, all factors that are susceptible to
reduce initiation and propagation of crazes will improve the lifetime in a spe-
cific environment.

The geometry of a plastic component is particularly important: an appro-
priate design will eliminate stress concentrations and adequate processing
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conditions will lead to a flaw-free surface possibly coupled with a postpro-
cessing treatment. Concerning the loading conditions, the nature and the
viscosity of the medium are important parameters. One should prevent or
eliminate the possibility of a chemical attack of the polymer by the medium
and pay special attention to those media where the solubility parameters are
close to the parameters of the polymer.

We have chosen to focus on the molecular variables that influence fa-
tigue resistance in a stress cracking environment: molecular weight, chain
regularity, and molecular parameters of the medium. In most cases, we will
differentiate between amorphous, crystalline, and cross-linked polymers. In
a subsequent section we will examine the impact of sample preparation on
the fatigue resistance: sterilization, cross linking, orientation. Another sec-
tion will focus on the different strategies to improve the ESCR.

Although a great amount of work has been devoted to the analysis of the
influence of molecular variables on the fatigue resistance of polymers, little
work has addressed the influence of molecular variables in stress cracking
environments.

2
Influence of Molecular Parameters on Environmental Fatigue Resistance

2.1
Molecular Weight

2.1.1
General Trends

Various studies have been performed to determine the influence of molecu-
lar weight on fatigue resistance of polymers under cyclic loads. In general,
physical properties of polymers are strongly dependent on the average mo-
lecular weight M,, and the width of the MWD, Myw /My, since the presence
of molecular entanglements can significantly affect the mechanical behav-
ior. A higher molecular weight means higher environmental stress crack
resistance. A broadening of the MWD, especially in the medium molecular
weight range, decreases the ESCR because the weak areas produced by low-
molecular-weight fractions cannot be compensated.

For fatigue resistance in air, there is a noticeable increase in the resistance
for smooth, unnotched specimens and a significant increase in the fatigue re-
sistance for prenotched specimens as the molecular weight is increased. The
fatigue resistance of polymers in a stress cracking environment is also gen-
erally increased as the molecular weight increases. This will be shown for
different polymers in this section.
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2.1.2
Amorphous Polymers

Amorphous polymers are especially sensitive to stress cracking. Therefore,
polystyrene (PS) appears to be an appropriate material for the study of the
corresponding effects.

To determine the influence of the molecular weight on the ESC behavior
under fatigue crack growth conditions, two commercial PS polymers were se-
lected for an investigation by Altstddt et al. [76], see Table 3, under air and
aggressive medium. The selected fluid was a commercial sunflower oil (trade-
name Livio). The tests under oil were carried out by continuously applying
the fluid through a soaked sponge that was fixed on both sides of the CT spe-
cimen. With this approach both sides of the crack tip were always covered
with the soaked sponge.

The molecular weight of PS 148H is M,, = 238 000, whereas PS 168N has
a notably higher value of M, = 354000. As shown in Figs. 10 and 11, both
PS systems exhibit a severe decrease in fatigue crack growth resistance when
tested under the influence of the oil: The whole curve is shifted toward lower
AK values, which implies a decrease in the threshold value AKy,, and there is
an increase in the slope of the curve.

The comparison of both PS systems clearly shows an improved ESCR
under fatigue loading of the PS with an increasing molecular weight, both
with and without oil. This is reflected in a lower slope of the FCP curve and
its displacement to higher AK values such as AK. and AKy, for PS 168N.

FCP experiments for PMMA types of different molecular weight have also
been performed in air and IPA using the sponge method described above.
The materials tested were two injection molding grades with My = 45200
and 67200, (Mw/My = 2.1). They were compared to a cast PMMA with
My = 460000 (Mw /My = 5.6). As inhomogeneous crack propagation was ex-
pected for the fatigue in alcohol, the constant AK method was applied for
testing. Figure 12 left shows the three PMMA grades tested at a constant AK
of 0.6 MPa \/m. The ranking of the polymers on the logarithmic scale corres-
ponds to the molecular weight, with the PMMA with My = 460000 showing
the lowest crack propagation rate.

Table 3 Investigated materials

Material Property

PS 148H® PS - My, 238000 g/mol

PS 168N® PS - My, 354000 g/mol

PS 486M® PS impact modified by small PB particles

PS 2710® PS impact modified by large PB particles
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Fig.11 FCP diagram of higher-molecular-weight PS with and without stress cracking
medium (PS 168N)

Figure 12 right illustrates the effect of IPA. The experiments were first
performed in air, as a reference, up to a crack length ratio of about 0.45;
then the alcohol was added by the sponge without interruption of the ex-
periment. Under the influence of the medium, the crack propagation rates
changed instantly. The highest increase of about two decades accompanied
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Fig. 12 Plots of da/dN vs. crack length ratio at AK of 0.6 MPa /m for three PMMA types
of different molecular weight. Left: testing in air, right: testing in IPA

by a pronounced scatter in the propagation rate was found for the injec-
tion molding grade with My = 45200. The increase for My = 67200 was less
than one decade, demonstrating the strong influence of the molecular weight
on the ESCR. In contrast to the behavior of the lower My PMMAs, the cast
PMMA of My = 460000 shows at first very unstable crack propagation (up to
an a/W of 0.6); the rate stabilizes thereafter at a level significantly lower than
that in air. This observation is quite remarkable and can be well explained
by considering the present ideas on craze formation and fibril stability as
outlined in the contribution of Monnerie et al. in this volume. The fact that
the fracture surface of a fatigue crack in air of PMMA My = 67200 shows no
visible features indicates that the craze fibrils break, mostly due to disentan-
glement, almost without affecting the matrix. This explains correctly the M,
effect on the rate of air fatigue cracks in PMMA.

With IPA added to the lower M,, PMMAs, two effects are observed: craze
fibrils disentangle more rapidly and the plasticized matrix deforms plastically
leaving striations on the fracture surfaces (Fig. 13). The high My PMMA be-
haves differently; we can assume that fibril failure in air involves quite a bit of
chain scission as found by Monnerie et al. (this volume) in low-temperature
failure of amorphous polyamides. With the addition of IPA chain scission is
reduced, and fibrils will strain harden through orientation, thus increasing
the plastic deformation of the matrix and the resistance to (fatigue) crack
propagation as compared to the behavior in air. The striations on the fracture
surface (Fig. 13) are typically associated with discontinuous crack propaga-
tion. Here, a craze is developing during a large number of cycles without any
measurable crack propagation before a stepwise crack propagation occurs.
This phenomenon was first identified with PVC and polycarbonate (PC) after
an analysis of the fracture surface showed that the number of markings did
not agree with the number of load cycles. Therefore, an analysis of the frac-
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ture surface with the SEM should always be accompanied by fatigue testing.
As an example, in Fig. 13 with PMMA tested in IPA the distance between two
markings was found to be 170 load cycles.

The effect of the MWD on polymer fatigue is illustrated by experiments
on two PS grades with similar molar mass [79]. The GPC curves in Fig. 14a
of the two polymers with similar weight-average molar masses show a low
polydispersity index Mw /My of 1.1 for polymer A, which resembles a nar-
row distribution of chain length, whereas polymer B has a broad range of
My /My = 2.71 (Fig. 14a). As can been seen in Fig. 14b, for the material with
the lower My /My ratio the whole FCP curve is shifted toward higher AK
values; the crack propagation rate in region II of the da/dN - AK diagram is
especially reduced.

In comparison to this behavior, Fig. 14c depicts FCP curves of PS materi-
als with different MWDs but a similar number-average weight of My = 90 000.
Although My, is more than twice as high for polymer A compared to poly-
mer B, the latter has superior fatigue properties.

Both examples show that for wide MWDs a detrimental effect on the fa-
tigue behavior is caused by the low molecular weight fraction, which cannot
build up effective entanglements. This effect may even overcome the influence
of a higher weight-average molecular weight. In fact, experiments in stress
cracking media have not yet been performed, but the demonstrated influence
would be expected to be valid for those conditions as well.

Moskala [53] discovered that the stress required to initiate a craze is in-
dependent of the polymer molecular weight but that the stress required to
propagate a craze increases with increasing molecular weight. This result sug-
gests that the ability of a polymer to arrest a growing crack and to form a sta-
ble craze depends on its molecular weight. Several amorphous polyethylene
terephtalate types of different inherent viscosities, i.e., molecular weights,
showed the same threshold value AKy, but a rising AK¢ for increasing vis-
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cosities when tested in constant load experiments on CT samples in aqueous
sodium hydroxide.

An improvement in ESCR with increasing molecular weight in n-butanol
has been shown by Rudd [80] for PS, where the logarithm of the time to frac-
ture increases proportionally with the quantity M,,. Wellinghoff and Baer [81]
have shown that the fibril volume fraction of PS crazes increased with in-
creasing molecular weight, which can contribute to a greater resistance to
liquid transport. In addition, an increased M, results in a longer craze fibril
breakdown time, as shown by Kramer and Bubeck [17].
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213
Crystalline Polymers

The fatigue resistance of partly crystalline polymers is supposed to depend
predominantly on the size and distribution of the crystalline domains. The in-
terfaces between the different individual components, e.g., lamellea/lamellae,
spherulite/spherulite, and lamellea or spherulite and amorphous phase are
responsible for weak points in the polymer. So-called tie molecules can be
considered to act as a binder between different lamellae, with a binding
strength proportional to the valence forces. Separation between adjacent
lamellae, either by disentanglement or rupture of the tie molecules, is sup-
posed to be the main molecular mechanism for ESC. Due to the improved
binding strength of the chains, a higher molecular weight also favors the re-
sistance to ESC.

In the following discussion, results from ESC testing by means of diverse
methods are described.

Using static fracture mechanics measurements Rufke showed that the stor-
age of high-desnity polyethylene (PE-HD) of different molecular weights in
a 5% solution of dispergator (alkyl phenol polyglycole ether) leads to a dif-
ferent behavior with respect to stress cracking [82]. As seen in Fig. 15, the
material with the higher molecular weight shows a higher threshold value
and a lower slope of the curve, leading to a significantly slower growth of the
induced crack.

For crystalline polymers, however, not only the molecular weight and poly-
dispersity index are of interest. Besides the degree of crystallinity, there is
a specific influence of chain design, i.e., existence, length, and concentration
of side chains on the resistance against environmental stress cracking, as will
be pointed out in the next section.

da/dt (mm/min)

Kisce = 0.15 MPavm

Kisce = 0.22 MPaym

10 T T T T
0.1 0.3 0.5 0.7 0.9 11

K; (MPaym)

Fig.15 Dependence of crack propagation rate da/dt on DK for two PE-HD materials of
different molecular weight in a 5% dispergator dispersion [82]



The Influence of Molecular Variables on Fatigue Resistance 133

2.2
Crystallization, Chain Configuration, and Architecture

2.2.1
Degree of Crystallinity

In general, crystalline polymers show a higher resistance to ESC than com-
parable amorphous ones, as could be demonstrated for different types of
PS [83]. For a syndiotactic crystalline material with a molecular weight of
only My = 190000 undergoing a long-term tensile test in methanol, the stress
at fracture was markedly higher than that of a high-molecular-weight atactic
amorphous PS (Mw = 325000). In crystalline polymers, tie molecules that are
anchored in the lamellae hinder the disentanglement, which generally implies
that the higher the degree of crystallinity, the better the resistance to ESC.
For PE, the so-called Igepal transition time, which is the time during an
experiment in which the medium becomes effective, was found to increase sig-
nificantly with a rising degree of crystallinity when the molecular weight and
weight distribution as well as the branch frequency were kept similar [35].

2.2.2
Side Chain Branches

Besides crystallinity itself, the kind and amount of side chains is of impor-
tance for crazing. A schematic investigation of the influence of chain branches
was performed in PE that were introduced via copolymerization [84]. A long-
chain branched low-density polyethylene (PE-LD) was compared to a linear
low-density polyethylene (PE-LLD) with different short chains [85]. Type and
concentration of the copolymers were chosen in order to attain the same
density of 0.920 g/cm? and melt flow rate of 25 g/10 min for all polymers. The
ESC resistance was measured in a long-term tensile test of notched specimens
at 50 °C in 10% Igepal solution.

Table 4 shows the failure time tg, which increases significantly with con-
centration and length of the comparatively short (C3-C8) branches of PE-
LLD, which is due to the increased sliding resistance of the polymer chains
through the crystal. It is well known that methyl and, to a lesser extent,
ethyl side branches can become part of the crystalline lamellae of PE. In-
creasing the size of these short-chain branches decreases the cocrystallization
probability and, therefore, favors the formation of tie molecules. The lowest
fracture time, i.e., the worst performance, is found for the long-branched PE-
LD, which substantiates the notion that long chains are not efficient barriers
against disentanglement.

In accordance with these results, ESCR as the failure time of PE in Igepal,
measured by static notch opening displacement, increases dramatically as
the short-chain length increases from 2 to 4 and 6 carbon lengths. The tests
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Table4 Time to fracture of branched PEs tested in long-term tensile tests at 50 °C in
a 10% aqueous solution of Igepal (CO-630, notched specimen). Number of branches/1000
carbon atoms: 18. Isothermal crystallization at 115°C/1 h [85]

Sample =~ Comonomer My MWD Branch typ tg at 9 MPa
A 1-Butene 9.2 x 104 3.4 Ethyl 570
B 1-Hexene 9.4 x 104 3.3 Butyl 860
C 1-Octene 9.7 x 10* 3.6 Hexyl 6200

were performed with samples of similar molecular weight and weight distri-
bution as well as similar branch frequency but different short-chain branch
lengths [35].

The effect of both crystallization and branching was studied for 19 dif-
ferent PE types produced by different polymerization processes and catalyst
types, which were characterized by the so-called crystallization analysis frac-
tionation. The solubility of PE fractions in trichlorobenzene (TCB) refers to
their ability to create tie molecules and therefore correlates with ESCR, which
was measured with the standard bent-strip method in Igepal CO-630 [84].
The fractions were distinguished by their solubility in different temperature
ranges, where the solubility depends on either crystallinity and branching:

e The fraction of polymer chains soluble above 85 °C is highly crystalline
and therefore has very few short-chain branches and contains only a few
tie molecules.

e Tie molecules are most likely present in the fractions that dissolve between
75 and 80 °C. Corresponding chains are part of the polymer crystalline
matrix but have some chain segments containing short branches that will
not crystallize but link the crystalline sections.

e Polymer chains that are soluble below 75 °C are not able to crystallize suf-
ficiently to form very effective tie molecules.

It was found that branches in high-molecular-weight types of linear ethy-
lene copolymers were more effective in withstanding ESC than those in low-
molecular-weight polymers [85]. The authors synthesized groups of PE poly-
mers of concordant molecular weight, i.e., inherent viscosity, with increasing
concentration of ethyl groups. Figure 16 illustrates six curves produced by the
ESC results of these groups in a bending test called ORL in a 10% aqueous
solution of a surface active agent (Nonion). The curves show modest slopes
for low-molecular-weight polymers and high increases for high-molecular-
weight types. This shows that the latter have a higher potential to act as tie
molecules, leading to an enhanced performance under environmental influ-
ences.
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Fig. 16 ESC (50% failure) of various ethylene-butene copolymers for different amounts of
C,Hs branches and different molecular weights (inherent viscosities)

Nevertheless, it should also be noted that high degrees of branching lead to
a reduced ability to crystallize and can therefore reduce ESCR.

223
Molecular Defects vs. Crystallinity

A counterexample for the role of crystallinity in ESCR can be found
for polyvinylidene fluoride (PVDE, [CH,CF;],) [86]. This high-molecular-
weight, semicrystalline fluorine polymer is widely used in corrosion-resistant
applications where a high degree of crystallinity is often the key to resistance.
As PVDF suffers from a remarkable lack of stability in basic environments
due to dehydrofluorination, commercial homopolymers with a different de-
gree of crystallinity have been evaluated in 30% sodium hydroxide using 5%
and 7% of constant strain in a bending test.

It was found that the ESCR decreased with an increasing degree of crys-
tallinity. This behavior has been related to the presence of “head-to-head
(CF, —CF,)” and “tail-to-tail (CH, — CH;,)” sequences, also called “HHTT-
regiodefects”. They inhibit the basic degradation mechanism; moreover, they
decrease chain regularity and hence the degree of crystallinity. The content
of the regiodefects was evaluated by °F NMR analysis and is proportional to
the measured inversion. Figure 17 shows the time to crack appearance vs. the
NMR inversion. The less-crystalline PVDF polymer with the highest content
of the regiodefects presents the best crazing resistance in sodium hydroxide
for both strains.
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2.3
Rubber Modification

A common strategy for improving the mechanical behavior of thermoplas-
tics is to incorporate uniformly distributed rubber particles in the polymer
matrix. For high-impact polystyrene (HIPS) styrene-butadiene block copoly-
mers are used. In order to investigate whether rubber toughening also en-
hances ESCR, two commercial PS grades with a different average diameter of
rubber particles were selected (PS 486M: d = 2 um, PS 2710: d = 5 um) [76].
The PS materials were tested both with and without exposure to vegetable oil.
The corresponding FCP diagrams are shown in Fig. 18a,b.

The FCP behavior of the two rubber-modified polystyrenes is comparable
in the threshold region and in the region of unstable crack growth (region III)
at high propagation rates. A significant difference is visible in region II of
intermediate propagation rates 10~ to 10~ mm/cycle.

Compared to the unmodified PS of different molecular weight (PS 148H
and PS 168N), shown in Figs. 10 and 11, the observed ranking in terms of
FCP behavior without media is PS 148H < PS 486M = PS 2710 < PS 168N. This
ranking is completely changed when the tests are conducted in the presence
of vegetable oil: PS 148H < PS 168N < PS 486M < PS 2710. Obviously, under
ESC conditions, rubber toughening is more efficient for fatigue resistance
than an increase in molecular weight. A remarkable difference between the
two rubber-modified systems is visible in the threshold region. The AKy,
value of PS 2710 is not affected by the presence of the medium, while AKy, of
PS 486M is reduced by a factor of two.

Analysis of the fracture surfaces in Fig. 18c reveals the different size of the
rubber particles in the two PS systems. Tested in air, in both cases the crack
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Fig. 18 a Effect of small styrene-butadiene rubber particles incorporated in PS (PS 486M)
on FCP with and without oil. b Effect of large styrene-butadiene rubber particles incor-
porated in PS (PS 2710) on FCP with and without oil. ¢ SEM micrographs of PS fracture
surfaces with smaller rubber particles (above) and larger rubber particles (right). Left:
without oil, right: with oil

propagates through the rubber particles, which is possible only in the case of
good interfacial bonding. Tested in vegetable oil, the fracture surface appears
to be very smooth. In the case of PS 486M, some marks from the underlying
morphology are visible.

It is generally accepted that rubber particles act as stress concentrators,
initiate crazes, and participate in their termination. The contribution to the
toughness depends on the concentration of the rubber, the particle size, and
the interfacial bonding. In the case of fatigue crack growth small particles
are more efficient at low crack propagation rates because the plastic zone is
smaller, while larger particles are more efficient at higher propagation rates
and the corresponding larger plastic zone diameters.

Under the influence of a stress cracking medium it appears that in the case
of large rubber particles small crazes may easily develop. As a consequence,
the diffusion rate of oil is reduced because of the increased fibril density.
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Small rubber particles show less intensive crazing, and the crazes are more
easily overloaded because of a higher effective opening of the crack tip. In
the latter case the oil can penetrate through the crazes more easily. This ef-
fect is stronger in region I of the FCP diagram than in region II. At high crack
propagation rates, it seems possible that the oil may be hindered from pene-
trating fast enough into the crack tip, which explains the similar AK, for both
rubber-modified systems.

The mutual influence of rubber size and molecular weight was studied
using a series of nine HIPS samples with 8% rubber content differing in
rubber particle size (2, 4, and 8 um) and average molecular weight (M,
220000, 245000, and 270000) [87]. The compression-molded samples con-
taining a semicircular stress concentrator were stressed with a constant load
of 5.5 MPa being in contact with a simulated food oil (50/50 solution of cot-
ton seed oil and oleic acid). As shown in Fig. 19, increasing the molecular
weight as well as the rubber particle size has a positive influence on ESCR—
the highest molecular weight, coupled with the biggest particles, proves to be
the best.

It is well known that rubber modification of PMMA improves its fracture
toughness. With constant AK measurements it is possible to investigate the
influence of a medium, in this case IPA, on the FCP behavior in the presence
of rubber particles. In Fig. 20 a rubber-modified commercial PMMA grade
with a molecular weight My of 45200 is compared to the previously discussed
nonmodified polymers with molecular weights My of 45200 and 67200. As
expected, tested in air, the rubber-modified PMMA shows a significantly
lower crack propagation rate in comparison to the unmodified polymer. Re-
markably, the crack propagation rate is nearly one decade lower in air as
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Fig.19 ESCR in 50% cotton oil 50% oleic acid for 8% rubber content high-impact PSs as
a function of weight average molecular weight and gel particle size (2, 4, and 8 um)
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molecular weight My = 45200 and 67 200. FCP rate vs. crack length ratio a/W, performed
in air (up to a/W = 0.4), and IPA

compared to the PMMA with the higher molecular weight (My = 67200). In
the presence of the medium IPA, the ranking of the polymers with regard
to the crack propagation rate has changed significantly. The rubber-modified
PMMA performs with a lower FCP rate compared to the unmodified PMMA,
but the polymer with the higher molecular weight (My = 67200) exhibits
a nearly one decade lower crack propagation rate. This clearly proves the im-
portance of molecular entanglements in resisting ESC.

24
Influence of Additives

The processes at the crack tip of a notched specimen in a stress cracking li-
quid under mechanical stresses and possibly elevated temperatures can be
regarded as local aging phenomena. Fracture mechanics, on the one hand,
is a very sensitive method of detecting a polymer’s behavior with regard to
these influences. On the other hand, as demonstrated in the previous exam-
ples, FCP measurements can distinguish between small material differences.
As depicted in Fig. 21, PE-HD shows the different behavior in static fracture
mechanics tests with respect to water at a temperature of 80 °C for two dif-
ferent stabilizers. Stabilizer 2 leads to higher K values at comparable da/dt
values and is therefore more appropriate for hot-water applications when ox-
idation processes also have to be taken into account [88].

For medical devices, in particular for components of infusion systems,
transparent polymers are indispensable. Due to the multitude of drugs pos-
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sibly flowing through these systems, the need for disinfection of the devices
and the possibility of connecting various components by force locking, the
ESCR plays a decisive role in the selection of a suitable material [76]. Fig-
ure 22a shows an example of a three-way stop cock as an important compon-
ent of such a system.

In principle, ESCR can be controlled within limits that are mostly given
by the viscosity for processing, by the molecular weight, and by the MWD of
the polymer. For these reasons polycarbonate (PC) with a molecular weight
of more than 30000 g/mol is used for this application. In the case of par-
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Fig.21 Influence of type of stabilizer on crack propagation rate in PE-HD in water at T =
80 °G; static fracture mechanics
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enteral nutrition with lipid-containing emulsions, especially the occurrence
of stress cracking by intravenous infusion in three-way stop cocks made from
PC could not be completely excluded.

A significant improvement in the administration of a lipid-containing
emulsion was achieved with a special additive to PC. As shown in Fig. 22b,
the improved behavior of the new polycarbonate PC2 proved in practice to
be verifiable by fracture mechanical fatigue crack growth experiments. In the
presence of the fat emulsion the more lipid-resistant PC2 shows a higher fa-
tigue threshold value AKy, as well as an improvement by a factor of two in
AKf in comparison to PC1 used so far.

3
Multiaxial Stress Loading

By definition, ESC is influenced by the level of the applied multiaxial stress. It
is expected that below an assigned value of stress in a specific medium ESC
will not occur. Fatigue crack growth experiments at various constant levels of
AK can be applied to study the influence of the crack-tip loading on the ESC
behavior in a systematic way. As an example, cast CT specimens of PMMA
(My = 4.6 x 10°) were tested in air and IPA at different levels of AK (0.6, 0.7,
0.8, 0.9 MPa /m). The tests were performed as described earlier, with the ap-
plication of the medium after a certain time of cyclic loading in air. From the
plots of the crack length ratio vs. number of cycles, the following observations
can be made (Fig. 23):

o At the lowest AK of 0.6 MPa \/m, the injection of the medium causes
the crack propagation rate to decrease rapidly (reduced slope following
point A in Fig. 23a). After an incubation time of about 400000 cycles
(point B) the crack propagation speeds up suddenly and is followed by
a stable crack propagation phase follwing point C with a slope represent-
ing a lower FCP rate as compared to propagation in air. Failure occurs at
about 10° cycles.

e For AK =0.7 MPa /m (Fig. 23b), after the injection of IPA crack propa-
gation speeds up twice at point B and point D. In between, the increase in
a/W is negligibly small. The stable crack propagation after point E is again
slower than in air. Failure occurs at about 4 x 10° cycles.

e At higher levels of AK, 0.8 and 0.9 MPa /m (Fig. 23¢,d), the FCP charac-
teristics change again. After the injection of IPA the crack propagation is
quasistable, but at a lower propagation rate as compared to air. Despite
stable crack extension at points B and D, sudden steps in the curve are vis-
ible, representing an area of unstable crack propagation over a very small
number of cycles. The steps are more pronounced at AK 0.8 MPa \/m.
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In summary, the cast PMMA with high molecular weight shows better fa-
tigue characteristics in IPA than in air. The reason for the apparent crack
arrest is local “crack-tip branching”, which can be located at the respective
places along the crack where the stagnation in da/dN occurs. The branch-
ing of the crack does not contribute to the overall crack-tip opening and
therefore cannot be detected directly. The discussed effect is documented by
Fig. 24, left, which shows a CT sample tested at AK = 0.6 MPa y/m. The right-
hand side of Fig. 24 depicts the branching by means of a scanning electron
microscopy (SEM) picture.

4
Effect of Processing and Treatments

The method of preparation of a given polymer influences its mechanical
properties, hence its ESCR. For amorphous polymers, orientations formed,
e.g., in the injection molding process have a distinct influence upon fatigue
under stress cracking conditions. Moreover, cross linking and aging also
change the molecular state of the polymer, as will be shown in the following
sections.

4.1
Orientation

When polymer melts are accelerated during the manufacturing processes
such as injection molding and afterwards cooled down quickly, the stretched
molecular chains cannot relax, which leads to orientations in the direction
of melt flow. These oriented polymer chains act differently toward ESC influ-
ences as compared to nonoriented molecules. Orientation perpendicular to
the crack propagation direction may result in a higher ESCR, as will be shown
in the following discussion.

FCP tests of PS samples parallel and perpendicular to the injection
molding direction were performed in comparison to material that was
compression-molded from granules [76]. To minimize the effect of a plastic
deformation possibly induced by precracking with a razor blade, the precrack
was extended for a minimum of 2 mm by fatigue loading before onset of the
experiment.

As shown in Fig. 25 for the performance in air, the FCP diagram of the spe-
cimens tested perpendicular to the injection direction is shifted significantly
to higher AK values compared to the samples tested parallel to the injection
direction. The nonoriented reference specimens, however, behave similarly to
those with the parallel orientation. Obviously, it is easier for the fatigue crack
to propagate in the direction of the oriented entanglement network. This can
be explained by the fact that crazing accompanies crack propagation in PS.
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Molecules that are already stretched in one direction lose the ability to fibril-
late in the other direction. This increases the probability of chain scission, and
the breakdown of the material drawn into the process zone occurs at lower
AK values.

Figure 26 shows FCP curves for PS with a higher molecular weight tested
perpendicular to the injection direction with and without oil. In oil, an addi-
tional embrittlement can be observed by the steep increase in the FCP curve,
which makes it almost impossible to measure the dynamics of crack propaga-
tion over a broad range of crack propagation rates. Still, testing perpendicular
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Fig.26 Injection molded samples of higher-molecular-weight PS tested perpendicular to
injection direction (PS 168N) with and without oil
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to the orientation results in higher AK values than for the parallel testing
shown in Fig. 11.

Slightly different fatigue behavior due to orientation could also be ob-
served in constant AK experiments performed on injection molded PMMA.
The grade with My = 45200 shows a lower crack propagation rate if the crack
propagation is perpendicular to the injection molding direction (Fig. 27).
Such a minor difference could also be found for these materials when the tests
were performed with the stress cracking medium IPA. Because the molecular
weight is expected to have a significant effect on the amount of orientation
in a given shear stress field, the effect at a higher molecular weight must be
investigated further.

4,2
Sterilization and Aging

Medical-grade ultra-high-molecular-weight polyethylene (UHMWPE) is
a material of choice for orthopedic joints. The influence of sterilization,
partly followed by accelerated aging as a factor of great practical impor-
tance, on its fatigue crack propagation behavior has been studied in cyclic
tensile/compression tests [89]. Figure 28 shows the tensile crack propagation
rates of unaged UHMWPE (GUR 4150HP) for different sterilization methods:

e No sterilization,

e Gas-plasma sterilization,
e Ethylene oxide sterilization,
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e Gamma sterilization in air,
e Gamma sterilization in an inert environment.

Gas-plasma and ethylene oxide sterilization methods do not significantly
reduce the fatigue resistance of the UHMWPE, while gamma radiation results
in a substantial degradation, regardless of the sterilization environment. This
ESCR decrease is due to the embrittlement resulting from the gamma radi-
ation. The gamma sterilization in air treatment is associated with an initial
oxidation and scission of the chains. In the absence of oxygen during ioniz-
ing radiation, cross-linking mechanisms are favored, although some degree of
scission and oxidation still occurs.

Comparing Figs. 28 and 29, accelerated aging affects the fatigue resistance
of all UHMWPE samples. Again, gas-plasma and ethylene oxide steriliza-
tion as well as the nonsterilized product show little differences after aging,
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whereas the results for material gamma-irradiated in air and inert gas dif-
fer from each other. The most severe decrease in fatigue properties is due to
the combination of gamma sterilization in air and accelerated aging since the
oxidative degradation processes that were started by ionization continue dur-
ing aging. The inert gamma treatment cannot induce oxidative species and
therefore does not have a comparably strong effect on stress cracking.

5
Conclusion

Fatigue resistance of polymers in a stress cracking environment is a complex
topic where molecular variables have a strong influence. FCP experiments are
a fast and effective method for determining the resistance to FCP in stress
cracking environments and hence to predict polymer lifetime. Other me-
chanical testing methods have also been cited as they are somewhat more
common.

An increase in molecular weight leads to significant improvements in the
fatigue life of both amorphous and crystalline polymers. This improvement is
attributed primarily to an increase in craze stability and to an improvement in
the fibril density, contributing to greater resistance to liquid transport. As the
fraction of low-molecular-weight molecules cannot contribute to ESCR, it is
found that for similar molecular weights narrow MWDs are clearly superior.

An increase in chain regularity, which contributes to a higher degree of
crystallinity, leads to an improvement in ESCR due to the higher sliding re-
sistance of the polymer chains through a crystal and through entanglements
in amorphous regions. Short-chain branching is helpful for hindering dis-
entanglement of molecules in stress cracking media; the best results can be
found for relatively long chains, combined with a small-chain-length distri-
bution. Rubber toughening as well as other polymer modifications (appropri-
ate choice of stabilizers) are further means for improving ESC behavior.

Regarding fatigue performance, an important role is played by polymer
processing. Molecular orientations and aging can affect polymers so that they
show earlier failure in active media. On the other hand, appropriate orienta-
tions can be induced to enhance the ESCR.

Different strategies are available to increase the resistance of a polymer to
ESC. These strategies include increasing the molecular weight, rubber modi-
fications, and specific side-chain branching of the macromolecules. All these
modifications aim at reducing craze formation, stabilizing the craze, and re-
ducing the liquid diffusion in the craze.
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Abstract Cracking processes in brittle amorphous polymers within sliding contacts and
their relationships with bulk fracture properties are reviewed. The focus is on the use of
model single asperity contacts to mimic and characterize the failure modes which can
be encountered at the microasperity level during the wear of macroscopic rough con-
tacts between polymer surfaces and rigid counterfaces. Using the resources of in situ
contact visualization, crack initiation and propagation mechanisms within epoxy sub-
strates are detailed under contact fatigue conditions. With the prospect of understanding
the fundamental mechanisms involved in particles detachment from brittle polymer sur-
faces, it is shown how cracks locations, orientations and depths can be predicted from
a knowledge of the bulk toughness and fatigue properties of the polymer by means of
a fracture mechanics analysis of the contact. In the last section, the sensitivity of con-
tact fatigue processes to molecular parameters is addressed in the case of anti-plasticized
epoxy networks and random copolymers of poly(methylmethacrylate).
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Abbreviations

a Radius of the circular contact area
K Tangential contact stiffness

K1 Mode I stress intensity factor

K Mode II stress intensity factor

Kic Mode I fracture toughness

P Normal load

Q Instantaneous value of the tangential load
Q"  Maximum value of the tangential load
8 Instantaneous value of the tangential relative displacement applied to the contact

8*  Maximum value of the cyclic relative displacement applied to the contact

% Coefficient of friction

oy  Hydrostatic stress

o¢t  Qctahedral shear yield stress in the absence of hydrostatic stress

on. Hydrostatic stress

o Coefficient describing the sensitivity of the yield stress to hydrostatic pressure

0*  Calculated crack orientation with respect to the normal to the contact plane

Ao} Amplitude of the cyclic averaged effective tensile Stress perpendicular to the crack
plane

At} Amplitude of the average cyclic shear stress along the crack plane

1
Introduction

The topic of polymer wear and its relationships with mechanical properties
has a long history that has been reviewed by several authors (see [1-6] for
instance). From an historical point of view, wear processes within polymer
materials have been essentially considered within the context of macroscopic
contacts between rough surfaces sliding past each other. In such situations,
the action of mechanical forces and/or chemical effects at discrete micro-
contacts between the surface asperities result in localized surface damage
and the subsequent production of debris particles from one or both of the
contacting surfaces. However, these failure processes are not monomecha-
nistic and involve a sequence of often ill defined and interacting processes
which are sensitive to several parameters such as contact loading condi-
tions, surface roughness, material mechanical and physico-chemical proper-
ties, environment... Following early studies on the wear of metallic materials,
phenomenological classifications based on some perceived judgments of the
origins and consequences of particle detachment processes from polymer
surfaces have been proposed in the literature [1,2]. On the basis of micro-
scopic observations of worn surfaces, “abrasion”, “transfer wear”, “chemical
wear”, “erosion”, “fatigue wear”, etc. have been pointed out as potential and
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often interacting wear modes. In order to rationalize the various descriptions
of wear damage, Briscoe [3, 4] has proposed a generic scaling approach which
emerges from the accepted value of the two-term non-interacting model of
friction proposed by Tabor [7]. In this latter model, energy dissipation asso-
ciated with friction, as a first approximation, is assumed to arise from two
separate contributions: (1) an interfacial component (often denoted the “ad-
hesive” component of friction), which is associated with the shearing of the
adhesive junctions formed between contacting microasperities within macro-
scopic contacts, and (2) a bulk “ploughing” component which corresponds to
the mechanical losses induced by the deformation of the softer material by
the sliding asperities of the harder material.

If one considers that wear damage also results in energy dissipation, this
approach can tentatively be applied to wear. Accordingly, wear processes can
be classified as “cohesive” or “interfacial” depending on the length scales as-
sociated with particles detachment mechanisms (Fig. 1).

Adbhesive, or transfer wear has long been recognized as a major source
of wear in semi-crystalline polymers such as polytetrafluoroethylene (PTFE)
and ultra high molecular weight polyethylene (UHMWPE), where friction is
known to induce the transfer to the sliding counterface of highly oriented
films a few tens of nanometres in thickness [8-13]. The shear work associated
with the formation of such transfer films is dissipated within confined layers
close to the sliding interface, where the strain rates and levels are far beyond
those accessible by conventional bulk mechanical testing. In many cases, this
naturally creates a significant increase in local temperature, which, in associa-
tion with localized shear, can give rise to tribochemical degradation processes
such as chain scission [14].

On the other hand, the general feature of cohesive wear is that frictional
work is dissipated within a relatively thick surface zone either through the
interaction of surface forces and the resultant traction stresses or simply via
geometrical interlocking of interpenetrating contacts. Typically, these zones
will be of a thickness which is of the order of a contact length. Within
a macroscopic contact between rough surfaces, a small contact length of
a few micrometres will be associated with the discrete asperity contacts and
a longer length will be defined from the apparent (macroscopic) contact area.
As opposed to interfacial modes, cohesive wear involves relatively mild vis-
coelastic or viscoplastic deformations which are to some extent accessible to
bulk mechanical characterization, provided that the contact stress conditions
are readily identified.

This crude distinction between adhesive and cohesive wear mechanisms is
probably oversimplified in the sense that it neglects many aspects of the in-
teractions between bulk deformation modes and interface rheology. It has,
however, the merit of making a clear distinction between wear processes
which can, to some extent, be related to known bulk failure properties and
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Fig.1 Schematic description of “cohesive” and “interfacial” wear processes from the two
terms non interacting model of friction (from [96]). Bulk ploughing involves the dissipa-
tion of the frictional work within a volume of the order of the cube of the contact radius.
Interfacial shear corresponds to the dissipation of the frictional energy in much thin-
ner regions and at greater energy densities. Cohesive wear processes (cracking, tearing,
microcutting...) are governed by the cohesive strength of the polymer. Mechanisms such
as transfer film formation correspond to interfacial wear and do not readily correlate with
accessible bulk failure properties

more intense wear mechanisms which do not readily correlate with accessible
bulk mechanical properties.

The relevance of bulk fracture properties has therefore been considered
essentially within the context of cohesive wear modes such as abrasive and
fatigue wear. During abrasive wear, the initial stage is considered to be the
process of contact and scratch between the polymer surface and a sharp
asperity. The accumulation of the associated microscopic failure events even-
tually generates wear particles and gives rise to weight loss. Early approaches
initiated by Ratner and co-workers [15] and Lancaster [16] attempted to cor-
relate the abrasive wear rate with some estimate of the work to failure of the
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same polymer. Using several semi-crystalline and glassy amorphous poly-
mers with tensile works to rupture ranging over more than two orders of
magnitude, they indeed showed the existence of a roughly linear relation-
ship between the measured abrasive wear rates and the reciprocal of the
work to failure. Owing to the lack of information regarding the nature of
the microscopic deformation and failure processes, several doubts surround,
however, the value of this correlation when a more detailed analysis of the
relationships between abrasive wear and bulk mechanical properties is con-
sidered. It is especially unclear whether fatigue properties rather than the
fracture energy involved in a single cracking event should be considered.
The occurrence of fatigue processes induced by the repeated sliding of rigid
asperities on elastically deforming polymer surfaces has indeed often been
pointed out as a potential source of wear damage in many brittle polymers.
Accordingly, macroscopic fatigue wear models have been derived [2,17-19]
which attempt to correlate the wear rates with an estimate of the number
of cycles to detach a particle from the polymer surface. The latter is usually
assessed from a knowledge of bulk fatigue properties and from some esti-
mate of the distribution of the localized tensile stresses which are generated
at the microasperity level. Alternatively, models of fatigue wear approach the
problem from the standpoint of fracture mechanics [2,17]. The wear rate is
assumed to be inversely proportional to the number of cycles to failure and
this can be derived by integrating the Paris equation for fatigue crack growth.
Although such models can account for the effects of parameters such as sur-
face roughness or environment in stress corrosion cracking conditions, the
lack of information regarding crack orientation and propagation rates at the
microscopic level precludes any more quantitative analysis of fatigue wear
processes.

In addition to the difficulties associated with the identification of the
deformation and failure processes, the analysis of wear processes within
macroscopic contacts between rough surfaces can also be complicated by
the behaviour of the wear debris trapped at the sliding interfaces. Once
detached, the debris particles are invariably subjected to a variety of pro-
cesses such as comminution, chemical reactions, aggregation and com-
paction and ultimately form what is often called a “third body” [20, 21].
It is now widely acknowledged that the third body rheology at the slid-
ing interface can significantly affect the mechanical stressing of the rub-
bing surfaces and modify the associated particle detachment mechanisms.
In poly(methylmethacrylate)/steel contacts, it has, for example, been shown
that specific contact zone kinematics conditions can result in the accumula-
tion of polymeric debris particles within distinct and highly coherent third
body agglomerates [22-24]. Such situations are associated with a strong de-
crease in the wear damage as a substantial part of the frictional energy
is dissipated through the shearing of the third body which acts as a solid
lubricant.
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These observations underline the strongly intricate interactions between
particle detachment, third body rheology and evolving contact conditions
which are inherent to wear processes in many macroscopic contacts.

In order to overcome the above-mentioned inherent limitations of macro-
scopic, multi-asperity contacts for the fundamental investigation of wear pro-
cesses, model experiments that attempt to simulate the damage induced by
a single asperity contact are often considered. Although the wear rate itself
is not monitored, such experiments provide the opportunity to get a more
detailed insight into the deformation and fracture mechanisms involved in
asperity engagements [25]. The recent emergence of hardness and nano-
scratching probes has provided the opportunity to investigate these processes
at length scales which are comparable with those involved in typical sliding
contacts. Alternatively, single asperity contacts at larger scales offer the pos-
sibility of investigating the dynamics of contact failure using the resources of
in situ visualization. Both approaches will be reviewed in the subsequent sec-
tions, with an emphasis on the use of single asperity contact to investigate
contact fatigue processes in relation to fatigue and toughness properties.

Within this context, the analysis will be focused on brittle amorphous
polymers such as epoxies and acrylates, whose tribological damage in sliding
contacts is known to be dominated by cracking micromechanisms. Such ma-
terials are relevant to many tribological applications. Fibre-reinforced com-
posites with thermoset matrices are, for example, used as seal gear and dry
bearing materials [26,27]. Similarly, contact deformation and fracture pro-
cesses of acrylate-based coatings can be a concern regarding wear and scratch
resistance properties of optical coatings and varnishes [28-30]. Within the
context of this review, these materials will, however, mostly be considered
as model polymer systems which allow some insight into the fundamental
mechanisms of crack nucleation and growth within contacts. Such an ap-
proach would be much more complicated using more ductile engineering
polymers for tribological applications, such as polyamides or polyoxymethy-
lene, where the in situ analysis of cracking processes is limited by transfer
film formation and extensive plastic flow.

2
Overview of Experimental Approaches of Fracture Mechanisms
Within Single Asperity Contacts

2.1
Micro/Nano Scratching Techniques

Since the early work from Schallamach [31] on the wear processes of rub-
bers, indentation and scratching experiments have been largely used to mimic
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and characterize the deformation and failure modes which occur as a con-
sequence of specific interactions between asperities touching each other in
discrete areas of the contact between rough polymeric solids. Although it
does not model the dynamic asperity interactions encountered in practical
tribological contacts, any form of scratch hardness can be viewed as a form
of controlled abrasive wear. Extrapolation of scratch tests to wear situations
must, however, be done with some caution as the geometry of the scratch in-
denter is likely to be different (usually very much more severe) from those of
the asperities that make up the topography of even comparatively rough sur-
faces. Moreover, scratch tests are unable to reproduce fatigue failure events,
which have long been recognized as a potential source of particle detachment
in many practical wear situations involving polymers.

From a more fundamental point of view, the selection of different inden-
ter geometries and loading conditions offer the possibility of exploring the
viscoelastic/viscoplastic response and brittle failure mechanisms over a wide
range of strain and strain rates. The relationship between imposed contact
strain and indenter geometry has been quite well established for normal in-
dentation. In the case of a conical or pyramidal indenter, the mean contact
strain is usually considered to depend on the contact slope, 6 (Fig. 2a). For
metals, Tabor [32] has established that the mean strain is about 0.2 tanf, i.e.
independent of the indentation depth. A similar relationship seems to hold
for polymers although there is some indication that the proportionality could
be lower than 0.2 for viscoelastic materials [33, 34]. In the case of a sphere, an

Fig.2 Typical contact geometries used for scratch testing. The average strain is propor-
tional a to tané in the case of conical or pyramidal indentors and b to a/R in the case of
spherical indentors



160 A. Chateauminois - M.C. Baietto-Dubourg

indentation depth-dependent strain can be defined as the ratio of the contact
radius to the sphere radius (Fig. 2b). Similarly, an average strain rate can be
defined by dividing the sliding speed by some characteristic length, usually
the width of the permanent groove left on the polymer surface. Typical mean
strain values during scratch tests lie in the range 5-10% and the strain rate
can be varied from 107 s7! to 10% s™! in most of the commercially available
scratching equipments.

Topographical characterizations using SEM, AFM or laser reflectivity are
usually associated with tangential force measurements in order to assess
the various regimes of deformation. The observed damage evolves through
a range of severity as the contact strain is increased: viscoelastic smooth-
ing or “ironing”, plastic or viscoplastic grooving, extensive plastic flow and
tearing, pronounced fracture or tearing and finally cutting or chip formation
can be identified using glassy polymers such as poly(methylmethacrylate) or
polycarbonate.

These approaches have been especially popularized for a variety of
amorphous and glassy and semi-crystalline polymers by Briscoe and co-
workers [25, 34-37], who put together in the form of “deformation maps” the
different deformation regimes. The indenter angle and the penetration depth
(or normal load) are usually considered the key parameters. Figure 3 provides
an example of such a scratching map for polycarbonate using a conical inden-
ter. It can be seen that, taking an arbitrary constant load, the nature of the
contact damage can change from viscoplastic deformation (“ductile plough-
ing”) to brittle crack propagation when the indenter angle is decreased, i.e.
when the contact strain is increased.

Cone angle

05 08 12 15 1.8 2 35
Normal load (N)

Fig.3 Scratching map for poly(carbonate). The diagram shows results from scratching ex-
periments performed at room temperature for a range of cone angles and normal loads
and at a scratching velocity of 2.6 ums™" (from [25])
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For a variety of glassy polymers, it is usually observed that cracks are in-
duced at the leading edge of the contact under the action of predominantly
tensile stresses, whose magnitude is assumed to be proportional to the fric-
tional forces (Fig. 4). Accordingly, several authors have attempted to correlate
this ductile-brittle transition to the tensile strength of the polymer material
under investigation. Although some correlations emerge when parameters
such as temperature, strain rate or indentation depth are considered [38-41],
this analysis remains obscured by two factors. The first is connected to the
difficulties in assessing the magnitude of the tensile stress field at the lead-
ing edge of the contact under largely viscoelastic/plastic conditions. A first
order estimate can be obtained from well established elastic contact mechan-
ics approaches (such as Goodman’s theory [42], see below), but more precise
calculations require the complexities of finite elements simulations which
take into account strain hardening effects and viscoelastic recovery at the rear
face of the indenter [43, 44].

Some difficulties also arise for the interpretation of scratch tests carried
out at progressively increasing normal load or indentation depth. Figure 3
indicates, for example, that a transition from ductile deformation to brittle
cracking can occur when increasing the normal load whilst the contact strain
is nominally fixed by the conical indenter angle. This is indeed observed in
many polymer systems and the notion of a critical load at the ductile-brittle
transition is largely used to characterize the scratch response. This depth

(a) (b)

Sliding direction

—
10 um

Fig.4 Brittle failure modes of polystyrene within contacts. a Poly(styrene) film on
a poly(methylmethacrylate) substrate. The regular crack pattern is induced by the slid-
ing of a glass sphere under elastic contact conditions. b Poly(styrene) under viscoplastic
scratching by a cone indenter (from [40])
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dependence is usually interpreted by considering the enhancement of sur-
face tensile stresses which may arise from some increase in the frictional
forces at increased indentation depth, but some recent analysis by Bertrand-
Lambotte et al. [45, 46] indicates that some size effects could also be involved
in the transition. According to an argument initially introduced by Puttick
et al. [47,48] for the analysis of the ductile-brittle transition during ball
indentation of poly(methylmethacrylate), these authors suggested that the oc-
currence of brittle scratches can be interpreted using two different criteria.
The first one is a fracture energy criterion which states that a crack of width
¢, subjected to a tensile stress, oy, will grow if atzc/E > G., where E and G, are
respectively the elastic modulus and the fracture energy. The second criterion
is a size criterion which assumes that within a given volume, a>, containing
a crack of length, ¢, brittle failure will occur if the energy for crack propa-
gation is less than that required for plastic deformation, i.e. 2G./oyey < a,
where oy and &y are respectively the yield stress and plastic strain. Accord-
ing to Bertrand-Lambotte et al., the occurrence of brittle scratch, attributed
by most authors to a critical load can be due to the fulfillment of either the
fracture energy criterion or the size criterion. An estimate of the latter crite-
rion for polymeric coatings reveals that the critical size at the ductile/brittle
transition is of the order of a few micrometres, which corresponds to the char-
acteristic scratch width at the onset of brittle propagation using pyramidal
indenters.

2.2
In Situ Contact Visualization Techniques

When using transparent indenters and/or polymer materials, in situ contact
visualization proved to be an efficient technique to investigate the dynamics
of deformation and failure processes within sliding contacts. Such approaches
have been recently developed within the context of scratch tests in order
to investigate the elastic recovery of scratch grooves left on the surface of
poly(methylmethacrylate) [49, 50] at the micrometre scale. They proved to be
especially useful for analysing the transition from viscoplastic scratching to
elastic sliding as a function of temperature, strain and strain rate.

The resources of in situ contact visualization have also recently been
used to investigate crack initiation and propagation within brittle amorph-
ous polymers under contact fatigue conditions. A detailed insight into the
development of surface fatigue cracks was provided by means of specific
tribological tests which rely upon the use of small-amplitude oscillating mi-
cromotions, often referred to as “fretting”. In such a technique, a millimetre-
sized macroscopic contact is typically formed between a polymer flat and
a smooth spherical counterface under a constant applied normal force. This
contact is submitted to lateral relative microdisplacements under cyclic con-
ditions. As compared to other more conventional reciprocating sliding tests,
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the specificity here is that the magnitude of the imposed relative displacement
(between about 1 and 100 wm) is much smaller than the size of the contact. In
other words, this means that the contact area is nearly stationary with respect
to the polymer surface, which considerably simplifies the analysis of crack de-
velopment as compared to large amplitude sliding tests where multiple crack
interactions have to be taken into account [51, 52].

Such an in situ visualization of fretting contacts demonstrated that it was
possible to induce, at a length scale of millimetric, the development of a crack
network without the unwanted complexities which could arise from the sim-
ultaneous development of an intercalating third body layer [53]. From the
point of view of polymer fracture processes, this means that such fretting con-
tacts may be viewed as some kind of model single-asperity contacts, which
simulate, at an observable scale, contact fatigue processes. The use of this
methodology to investigate some of the aspects of the structure/contact frac-
ture properties relationships is addressed in the following sections.

3
Contact Fatigue Behaviour of Epoxy Polymers

3.1
Contact Conditions Under Small Amplitude Micromotions

The establishment of the interrelationships between polymer fracture prop-
erties and contact fatigue behaviour requires some knowledge of the contact
stress field. The specificity of fretting loading is that, depending on the ap-
plied contact load and imposed relative displacement, two different contact
conditions can be achieved within the interface [54, 55] (Fig. 5):

(1) The so-called partial slip condition, where the contact area is divided
into a central stuck zone and a surrounding annulus where some microslip
is occurring during the course of the loading cycle. When the tangential load
is plotted as a function of the relative displacement in a Lissajous representa-
tion, elliptical loops are obtained.

(2) A gross slip condition, where sliding is induced within the whole
contact interface after a preliminary partial slip stage. This condition is as-
sociated to trapezoidal tangential load/displacement loops. The plateau value
of the tangential load provides a measurement of the coefficient of friction,
n = Q*/P, where Q" and P are the plateau value of the tangential load and the
imposed normal load respectively.

The occurrence of either partial slip or gross slip condition is dependent
on the material mechanical properties, the magnitude of the coefficient of
friction and the contact loading parameters (normal load, imposed displace-
ment). When dealing with non-adhesive elastic materials, the effects of these



164 A. Chateauminois - M.C. Baietto-Dubourg

2a

Q
P H
%»a co,
54
e= |
o gg A VIR
)
DELES
Q
 2a
o o
?STv
5%
(&)
8§ S5 R

Fig.5 Schematic description of the contact conditions encountered under small ampli-
tude cyclic lateral micro-motions (fretting). § is the applied lateral displacement, Q is the
lateral force and P is the applied constant normal load. The elliptic and trapezoidal Q(5)
loops correspond to partial slip and gross slip condition respectively

factors can be rationalized by means of some conventional contact mechanics
approach such as Mindlin’s analysis [54]. This approach in particular pro-
vides the value of the critical displacement amplitude, §;, at the transition
from partial slip to gross slip conditions:

KijuP
=11 (1)
a
with
3 (2- 2-
K = Vi + V2 (2)
16 \ G G,

where the subscripts 1 and 2 refers to the contacting bodies and G and v are
respectively the shear modulus and the Poisson’s coefficient.

With polymers, complications may potentially arise due to the material
viscoelastic response. For glassy amorphous polymers tested far below their
glass transition temperature, such viscoelastic effects were not found, how-
ever, to induce a significant departure from this theoretical prediction of the
boundary between partial slip and gross slip conditions [56].

During the course of a cyclic test, some changes in the coefficient of fric-
tion may arise as a consequence, for example, of the development of physic-
ochemical interactions between the contacting surfaces. For glass in contact
with glassy polymers such as poly(methylmethacrylate) or epoxies, an in-
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Fig.6 Schematic description of fretting contact conditions as a function of displace-
ment amplitude, normal load and number of loading cycles for a glass/epoxy contact
(from [56]). PSR Partial slip regime, MR mixed regime, GSR gross slip regime. Solid lines
in the running conditions fretting maps correspond to the theoretical boundary between
partial slip and gross slip conditions, as calculated from Eq. 2 and using the initial (a)
and steady-state (b) values of the coefficient of friction. Open symbols correspond to the
experimental values of the initial boundary between partial slip and gross slip condi-
tions. The relative increase in the measured coefficient of friction, i, as a function of the
number of fretting cycles is reported in the lower figure (1o is the initial value of the co-
efficient of friction). The resulting shift of the partial slip/gross slip boundary defines the
mixed regime which is characterized by a change from gross slip to partial slip condition
during the course of the fretting test

crease in the coefficient of friction is often observed during some preliminary
running-in period, even in the absence of any observable contact damage.
One of the effects of this time-dependent frictional behaviour is to induce
a progressive transition from gross slip to partial slip conditions in some in-
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termediate displacement regime located close to the initial boundary between
the partial slip and gross slip conditions.

As a conclusion, contact conditions under fretting loading can be classi-
fied into three different regimes: a partial slip regime, a gross slip regime
and a mixed regime which is characterized by the progressive transition
from gross slip to partial slip conditions during the course of the cyclic test.
The occurrence of these various regimes can conveniently be synthesized
as a function of the normal load and the imposed tangential displacement
in the so-called running fretting condition maps [57, 58] (Fig. 6), where the
boundaries between the various domains can be delimited by means of Eq. 1.
As detailed below, the identification of these various regimes is of primary
importance to set up the boundary conditions for the contact mechanics
modelling of the stress field induced by the cyclic loading. From the point
of view of contact fatigue processes, the fretting maps also emphasize the
fact that cracking processes are potentially induced under a non-constant
amplitude fatigue loading, as opposed to current practice for bulk fatigue
testing.

3.2
In Situ Analysis of the Cracking Behaviour

In this section, contact fatigue cracking mechanisms will be reviewed in
the case of an epoxy network obtained by fully cross-linking a stoichio-
metric mixture of diglycidyl ether of bisphenol (DGEBA) and isophoron
diamine (IPD). It was, however, observed that the nature of the various crack-
ing processes remains fundamentally unchanged when various glassy epoxy
networks differing in their chemical structure are considered; the main dif-
ferences lies in crack initiation times and crack growth rates. The results
described here for the DGEBA /IPD network can thus be considered a picture
of generic contact fatigue processes within brittle epoxy networks tested in
their glassy state.

A typical example of the development of a crack network within the gross
slip regime is shown in Fig. 7. In addition to in situ visualization through
the glass cap, the crack growth rates were also monitored by means of
measurements of the contact lateral stiffness, K. As indicated in the insert
in Fig. 7, this latter parameter corresponds to the slope of the Q(§) rela-
tionship during the incipient stages of the tangential loading, ie. in the
limit of small relative displacements. Under such conditions, one can neg-
lect the effects of partial slip and describe the tangential loading as the
drag of a circular region of the sample surface by the slider. In the case of
an elastic, uncracked body, the associated lateral stiffness is known to be
proportional to the contact radius and the elastic modulus of the materi-
als [54]. When a crack propagates in the contact zone, a significant drop
in the measured contact stiffness can therefore be expected by virtue of
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Fig.7 Development of fatigue cracks in an epoxy/glass contact under gross slip condition
(1 Hz, displacement amplitude: +60 pwm) (from [97]). White arrows indicate the occur-
rence of crack initiation and propagation at the edge of the contact under the action of
tensile stresses. The lateral contact stiffness, K, is essentially a measurement of the elas-
tic response of the epoxy substrate within the contact zone. Brittle crack propagation is
associated to a drop in stiffness due to the additional accommodation of the imposed
displacement provided by crack opening mechanisms

the reduction in the stiffness of the cracked body which results from crack
opening mechanisms. As detailed below, this effect is particularly marked
when the crack depth becomes of the order of magnitude of the contact
radius.

Three successive stages can schematically be distinguished during the
course of a contact fatigue test:

(1) A crack initiation stage which corresponds to the nucleation of two sep-
arate surface cracks close the edge of the contact and at two approximately
symmetrical locations along the sliding direction. Within the resolution of the
optical device (about 10 wm), crack nucleation was detected after about 300
loading cycles. During the next 100 fretting cycles, the cracks propagate in
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progressive, fatigue-like manner along a direction roughly perpendicular to
the sliding direction.

(2) When some critical crack length (between 200 um and 400 pm, i.e.
about 15% of the contact diameter) is reached, a brittle propagation stage is
observed which is associated with a sudden and drastic drop in the lateral
stiffness, K. The measured crack width in the plane of the contact is then of
the order of magnitude of the contact diameter. Post-mortem microscope ob-
servation of specimen cross sections in the contact zone (Fig. 8) indicates that
the depth of the cracks is of the order of magnitude of the contact radius (i.e.
about 900 um). The two deep cracks induced at the edge of the contact may
thus be viewed as some kind of “half-penny” cracks whose radii are approxi-
mately equal to the radius of the contact. In the subsequent part of this paper,
the two deep cracks will be referred to as “primary cracks”.

(3) After the brittle propagation stage, “secondary cracks” are subse-
quently induced in the vicinity of the two primary cracks, but they result in
a more limited and progressive decrease in the contact stiffness. Observation
of contact cross-section shows that the depth of these cracks is strongly re-
duced compared to those of the primary cracks. After the propagation of the
primary cracks, stresses are relaxed in their vicinity as a consequence of crack
opening mechanisms, which can account for the limited propagation of the
secondary cracks.

A simple contact mechanics analysis shows that the observed crack net-
work at the vicinity of the contact edge is essentially induced under the
action of alternate tensile and compressive stresses oriented along the slid-
ing direction. According to acknowledged analytical expressions for the stress
field induced by a sliding sphere on an elastic substrate [42], it appears
that the complex multiaxial contact stress field reduces to a predominantly
tensile/compressive loading in the region where crack nucleation is experi-
mentally detected. An estimate of the maximum value of the tensile stress,

oo, experienced at the trailing edge of the contact is provided by the follow-

Contact Diameter

Sliding Direction

Fig.8 Post mortem optical observation of a contact cross-section showing crack depth
and orientation within an epoxy polymer after contact fatigue
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ing formula:

3P [1-2v 4+v
oX = + Tl . 3
o 2ma? |: 3 8 ,u] )
Where P is the applied normal load, a is the contact radius, v is the Poisson’s
ratio and p is the coefficient of friction. For the above-described experiments,
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Fig.9 Changes in the crack initiation times and crack depths in an epoxy resin as a func-
tion of the amplitude of the imposed cyclic displacement. a Number of cycles to the
initiation of the primary cracks at the edge of the contact zone. b Measured depths of
the primary cracks at various number of cycles and displacement amplitudes. Circles 10°
cycles, solid diamonds 5 x 10% cycles, squares 5x 10* cycles. ¢ Calculated values of the
maximum tensile stress at the edge of the contact using Hamilton (gross slip condition)
or Mindlin—Cattaneo (partial slip condition) theories. The two curves correspond to cal-
culations using the initial (« = 1.0) and the steady-state (u = 1.5) values of the coefficient
of friction. PSR Partial slip regime, MR mixed regime, GSR gross slip regime
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the calculated values of o2, are in the range 50-100 MPa depending on the
value of the coefficient of friction, which is consistent with the development
of fatigue/brittle failure processes.

The characteristic features of the crack network remain essentially un-
changed within the partial slip and mixed regimes: primary and secondary
cracks are successively induced at the edge of the contact but, as opposed to
the gross slip regime, both the number of cycles to crack initiation and the
crack growth rates appear to be strongly sensitive to the magnitude of the
applied relative displacement (Fig. 9). The more the imposed displacement
is reduced, the more crack initiation processes are delayed. For approxi-
mately =10 um, a contact endurance limit can be identified below which
no crack is nucleated after 10° cycles. In addition to these increased crack
nucleation times, the measured crack depths (i.e. perpendicular to the con-
tact plane, Fig. 9) and crack lengths (i.e. in the contact plane, Fig. 10) are
strongly reduced at low displacement amplitudes (Fig. 10). Within the partial
slip regime, it is also no longer possible to detect any brittle failure event as it
is the case in the mixed and gross slip regimes (Fig. 10).

Under partial slip conditions, the estimate of the stress conditions at the
edge of the contacts is complicated due to the unknown frictional behaviour
within the partial slip annulus. If Coulomb’s friction law is assumed to apply
locally within this area, some contact mechanics calculation can, however, be
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Fig. 10 Measured crack lengths, L, in an epoxy polymer as a function of the number of
cycles and the imposed lateral displacement. The crack length was measured in the con-
tact plane from in situ observations. Amplitude of the relative displacement: Black circles
=+15 wm, white circles £20 wm, white squares £25 um, black squares £30 wm, white dia-
monds £60 um. Dotted lines indicate the occurrence of brittle failure events during the
course of the contact fatigue experiments
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carried out using conventional Mindlin-Cattaneo [54,59] approaches. Such
calculations show that the tensile/compressive nature of the stress field at the
edge of the contact remains essentially unchanged as the amplitude of the
displacement is decreased within the partial slip regime. As shown in Fig. 9,
a significant decrease in the magnitude of the maximum value of the tensile
stress is also predicted when the displacement amplitude is reduced, which
can account for the observed reduction in the extent of the contact cracking
processes.

3.3
Crack Initiation: The Relevance of Bulk Fatigue Properties

The fact that contact cracks are induced under a predominantly uniaxial ten-
sile loading makes it realistic to attempt to establish some relationships with
bulk fatigue behaviour under tensile conditions. Fatigue data for neat epoxy
resins are scarce in the literature, but tend to indicate that, for unnotched
specimens, most of the fatigue life is often consumed during crack initiation
processes which take place close to the specimen surface [60, 61]. Such an ob-
servation is consistent with the above-described contact fatigue behaviour,
especially in the mixed and gross slip regimes, where it was observed that
crack initiation was rapidly followed by some brittle failure events.

When crack initiation is considered, some questions arise regarding the
potential dependence of such processes on the stressed polymer volume,
which largely differs between bulk fatigue testing and contact fatigue (in the
latter case, the stressed volume is of the order of magnitude of the cube of
the contact radius, i.e. a few mm?®). Such volume effects could be very sig-
nificant in situations where crack initiation involves randomly distributed
pre-existing flaws such as voids or inclusions. The mechanisms for crack ini-
tiation in amorphous polymers such as epoxies are still largely unclear, but
they do not seem to involve any detectable pre-existing flaws, voids or in-
clusions [60, 61]. Observations of fracture surfaces show that fatigue cracks
are usually nucleated on the specimen surface after a period which is close
to the time to fracture. Nagasawa et al. [60] have also made the interesting
observation that if a specimen is allowed to rest overnight when the fatigue
test has proceeded by about 80% of the expected number of cycles to failure,
the fatigue life of the specimen is subsequently increased by the correspond-
ing number of fatigue cycles. Moreover, if such resting periods are alternated
with successive fatigue cycling sequences, there is some indication that the
fatigue life is considerably increased. These observations were tentatively in-
terpreted by Nagasawa et al as showing that crack initiation is associated with
some kind of recoverable strain accumulation close to the specimen surface.
In an early work, Rabinowitz and co-workers [62] also showed that crack nu-
cleation during fatigue testing of amorphous polymers such as polycarbonate
is preceded by some strain-activated changes in the cyclic stress-strain re-
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sponse (cyclic strain softening) which were assumed to involve the nucleation
and growth of microscopic defects within the glassy polymer. All these ob-
servations tend to support the idea that the relevant length scale for crack
nucleation processes lies in the microscopic range, probably even at some mo-
lecular level. This means that no significant dependence of crack initiation on
the stressed volume is likely to occur and that the use of bulk fatigue data
should be relevant in the context of contact crack initiation.

More importantly, the hypothesis of crack nucleation processes involving
some strain or molecular defects accumulation within the polymer addresses
the question of the elastic or plastic nature of the deformation at the crack ini-
tiation location. By virtue of the strong heterogeneities of the contact loading,
some localized plasticity may occur even if the contact remains, as a whole,
loaded elastically. The occurrence of plastic deformation in the contact zone
can be analysed using some multiaxial plasticity criteria. When considering
the use of such criteria for polymers, some care must be taken, regarding the
well known effects of hydrostatic pressure on the yield behaviour of glassy
polymers. Owing to the confinement of the polymer material within the con-
tact zone, such effects are likely to be significant and some modified form of
conventional yield criteria have to be considered. In the case of epoxy mate-
rials subjected to a multiaxial stress field under constrained states of stress
Lesser et al. [63,64] demonstrated the validity of a modified Von Mises cri-
terion which can be expressed as a function of the octahedral shear stress,
.L,oct:

Y

oct _ _oct
Ty~ =Ty —0OH (4)
where oy is the hydrostatic stress and t35" is the octahedral shear yield stress
in the absence of o. « is a coefficient that quantifies the hydrostatic pressure
dependence of the yield limit. The octahedral shear stress, t°" and oy can be
expressed as a function of the principal stresses as follows:

1 1/2

7oct =3 [(01 - 02)2 + (01 - 03)2 + (02 - 03)2] (5)

1
oy = —3(01+02+03) (6)

Under gross slip conditions, the distribution of octahedral shear stress and
pressure within the contact can be calculated from the explicit theoretical ex-
pressions of the contact stresses beneath a rigid sliding sphere which were
derived by Hamilton [42]. As detailed in [63, 65], the two parameters, Tycto
and « can be obtained from an appropriate combination of bulk mechani-
cal tests such as uniaxial and plane strain compression tests. For practical
reasons, the equivalent strain rates used during the bulk mechanical test-
ing are usually lower than the strain rates achieved within the epoxy surface
layer during contact fatigue (of the order of 107> s! at 1 Hz). Accordingly, the
values of the octahedral shear stress at the onset of yield are probably slightly
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underestimated, although the strain rate dependence in the glassy state is not
likely to be very important well below the glass transition temperature.

As an example, a calculated octahedral shear stress profile is reported in
Fig. 11 that corresponds to the surface of the epoxy specimen, where the
maximum value of the octahedral shear stress is likely to occur. This figure
indicates that the contact remains elastic for the contact conditions under in-
vestigation, except within a narrow region located at the edge of the contact,
which corresponds to the observed crack initiation sites. Such a contact me-
chanics analysis therefore supports the hypothesis of a potential activation of
crack nucleation processes by some localized plastic strain accumulation at
the edge of the contact, as a result of the strong strain localization associated
with the tangential loading.

A quantitative analysis of contact crack nucleation processes typically in-
volves the following ingredients:

(1) A multiaxial analysis of the cyclic stresses experienced by the material
in the vicinity of the crack initiation sites. On the basis of a contact mechanics
analysis, the amplitude of the average tensile and shear stresses is calculated
along the initial crack direction in order to identify the nature and the level of
the local stress field associated to crack initiation.

(2) an estimate of the fatigue properties of the bulk material under loading
conditions which are representative of that induced in the initial crack direc-
tion. Such a condition is not always easy to fulfill in situations where crack
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Fig. 11 Calculated surface profiles of the octahedral shear stress at yield assuming a modi-
fied Von Mises criterion (a), and of the octahedral shear stress for a glass/epoxy contact
under gross sliding condition (b). The grey area delimits the region at the leading edge
of the contact where the octahedral shear stress is exceeding the limit octahedral shear
stress at yield (a is the radius of the contact area) (from [97])
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initiation involves a complex multiaxial stress field. However, the analysis de-
tailed below shows that the cracks initiated at the edge of the contacts are
induced under predominantly tensile conditions, which facilitates the com-
parison to the bulk tensile fatigue response.

For elastic materials, the contact problem is usually solved as a unilat-
eral contact problem obeying Coulomb’s friction law. The algorithms used
here are based on those pioneered by Kalker [66]. The contact area, the stick
and slip regions, the pressure and traction distributions are numerically de-
termined first and then the stress and displacement distributions within the
elastic bodies can be established at the various stages of the tangential cyclic
loading. On the basis of these calculations, the occurrence of crack initiation
processes can subsequently be analysed in the meridian plane of the contact,
y =0 (Fig. 12), where the cracks first initiate. As a first approach, parameters
based on the amplitude of the shear stress, tr,, along a particular direction
and the amplitude of the tensile stress, o, perpendicular to this direction,

Three dimensional contact analysis

Nucleation sites

Ny
/1 N

the contact

z | meridian plane

y

Theoretical approach to initial crack growth

0 AN . e

L=20 um 1 =1 %6 Average shear

m= et stress

p
o
n .
. = 1 {0_ Average tensile
m _% ~onn|  stress
v z

Fig.12 Theoretical analysis of initial crack growth directions. In a first step, the three-
dimensional elastic contact stress field is calculated within the polymer body under small
amplitude reciprocating micro-motions. A two-dimensional analysis of crack initiation is
subsequently carried out using the calculated stress values in the meridian plane of the
contact (Oxz). Average shear (ty) and tensile (o) stresses are calculated for different lo-
cations in the contact and for different orientations, «, with respect to the normal to the
contact plane
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can been considered to derive the crack initiation criterion [65]. These me-
chanical parameters essentially allow discrimination between predominant
shear or tensile crack initiation driving forces.

For various discrete steps of the cyclic tangential loading, values of 7y, and
om can be calculated for different orientations, «, with respect to the normal
to the surface and for different locations within the meridian plane. As an
example, for an epoxy specimen under gross slip conditions, the maximum
value, Ao}, of the effective (i.e. oy > 0) amplitude of the average tensile stress
on the surface (z=0) has been reported as a function of the orientation in
Fig. 13. In the same figure, the orientation, o*, of the plane corresponding to
the maximum amplitude of the effective average tensile stress has also been
reported. Owing to the loading symmetry and for the sake of clarity, only
the results corresponding to one half of the contact have been represented.
The results show that the maximum amplitude of o, occurs at the edge of
the contact (i.e. x/a =- 1) and along an orientation, «* = 7°, which is very
close to the experimental initial crack propagation direction (11°). The cal-
culations also reveal that, at the edge of the contact, the maximum amplitude
of the shear stress, At;, is minimized along a direction corresponding to the
maximum tensile stress amplitude (Fig. 14). In order to take into account the
strong stress gradient close to the contact interface, 7, and o, had to be av-
eraged over a finite length from the polymer surface. The calculated value of
o™ was, however, found to be roughly independent of the depth up to 50 pm,
while the amplitude of Ao} decreased only from 70 MPa to 60 MPa within the
same range.

Imposed

relative displac-elment
x/a=-1

Angle o* (°)
Ac,,” (MPa)

x/a

Fig. 13 Calculated amplitude (Ao}y) and orientation («*) of the effective average ten-
sile stress in an epoxy polymer as a function of the location within the contact area
(gross slip condition, a is the radius of the contact area, and the amplitude of the relative
displacement is indicated by the double arrow) (from [97])
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Fig. 14 Calculated values of the maximum shear stress amplitude, Az}, at the edge of

the contact (x/a =-1) as a function of the orientation with respect to the normal to the
surface (gross slip condition, a is the radius of the contact area) (from [97])

This combined analysis of Ao} and At} therefore establishes that the
main cracks that nucleate close to the contact edge correspond to predom-
inantly tensile fatigue cracks. This conclusion remains valid whatever the
contact condition (partial slip or gross slip). In addition, the distribution of
Ao} within the contact plane is of interest (Fig. 15). The maximum amplitude

-2.0+

Sliding direction

Ac,* (MPa)

Fig. 15 Calculated distribution of the amplitude of the effective average tensile stress, oy,
within the plane of an epoxy glass contact under gross slip condition
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of the tensile stresses is located within two croissant-shaped areas oriented
perpendicular to the sliding direction, which correspond closely to the re-
gions where crack initiation was observed experimentally.

The calculated maximum tensile stress amplitude within the contact is of
interest in the light of the bulk fatigue data of the DGEBA/IPD network. The
latter were obtained under three-point bending conditions and it was ver-
ified from observations of the fracture surfaces that cracks nucleated and
propagated on the tensile side of the specimen according to a mode I open-
ing mechanism, similar in nature to that involved in contact fatigue. When
the calculated value of the tensile stress amplitude at the edge of the contact
(i.e. Ao} =70MPa) under gross slip conditions is reported within the cor-
responding S-N diagram, a fatigue life of about 250 cycles is obtained which
corresponds closely to the experimental number of cycles to crack initiation
under contact fatigue conditions (Fig. 16). It is worth noting that this good
agreement between bulk and contact fatigues behaviours is observed despite
the fact that the loading frequencies (10 Hz and 1 Hz for bulk and contact fa-
tigue, respectively) and the strain ratio R = &pin/&max (0.1 and - 1.4 for bulk
and contact fatigues respectively) are significantly different. Using the same
approach, the tensile stress amplitude, Ac¥, can be calculated under par-
tial slip conditions for a displacement amplitude which corresponds to the
threshold of crack initiation. The calculated stress values are consistent with
the experimental bulk endurance properties of the epoxy material, which fur-
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Fig.16 S-N fatigue diagram of a bulk diglycidyl ether of bisphenol (DGEBA)/isophoron
diamine (IPD) epoxy polymer giving the maximum applied stress as a function of the
number of cycles to failure (three-point bending, 25Hz, stress ratio omin/0max = 0.1)
(from [53]). The two dotted lines correspond to theoretical values of the amplitude of
the effective tensile stress, Ao}, calculated for (a) gross slip condition and (b) under
partial slip condition for an imposed displacement (+10 um) which corresponds to the
experimental contact endurance limit at 10° cycles
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ther supports the relevance of bulk fatigue data within the context of contact
fatigue behaviour of brittle epoxy materials.

34
Crack Propagation: Ductile-to-Brittle Transitions

The above-described contact mechanics analysis provides a good estimate
of the initial crack orientation within the epoxy substrate. The problem of
crack orientation is especially relevant in the context of fatigue wear processes
because particle detachment is often considered to result from pitting mech-
anisms associated with the coalescence of adjacent cracks which propagate
along different (declined) directions depending on the sliding direction and
crack interaction. In such a situation, the wear rate can be assumed to be
primarily dependent upon both the crack orientation and crack growth rate.

There is a long history behind the problem of crack propagation within
contacts involving brittle materials, starting with the initial studies of Hertz
on conical fractures at elastic contacts between curved glass substrates. As
detailed in the book by Lawn [67], many of these investigations were in fact
motivated by the wide use of indentation fracture as a simple microprobe
for determining brittle material fracture parameters such as toughness, crack
velocity exponent, etc. Key elements of the related contact problem are stress
field inhomogeneity and crack stability, which often result in a breakdown
of critical stress concepts to describe the threshold condition for the unsta-
ble propagation of cracks. These aspects have been addressed in particular
within the context of indentation cracking of brittle material with pre-existing
surface flaw distribution. From a combination of an Hertzian contact stress
analysis with well known linear elastic fracture mechanics solutions for line
cracks, it is possible to derive the values of the stress intensity factors along
the trajectories of the Hertzian cones which are often observed under sphere
indentation conditions. As an example, the results of such a calculation are
reported in Fig. 17, where the stress intensity factors at the crack tip have
been normalized with respect to the fracture toughness. Starting from an ini-
tial flaw size, ¢y, this curve shows that stable (i.e. dK/dc < 0, where c is the
crack length) and unstable (i.e. dK/dc > 0) propagation stages can succes-
sively be involved in indentation fracture when the normal load is increased.
This approach highlights that the critical load at the threshold for unstable
crack propagation is independent on the initial flaw size, but that it is deter-
mined by a critical crack depth, ¢, which is achieved after an initial stable
propagation stage.

It is worth noting that this calculation of the stress intensity factor does not
take into account the modification of the elastic stress field which results from
crack propagation. However, the contact stiffness measurements carried out
during contact fatigue of epoxy materials (see Fig. 7) show that a substantial
change in the magnitude of the tangential loading and in the associated stress
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Fig.17 Contact mechanics analysis of Herztian cracks within brittle materials.a Schematic
description of a Hertzian cone crack induced under normal indentation by a rigid sphere.
b Reduced plot of K-field as function of cone crack length and for increasing loads
P’ < P” < P” during sphere-on-flat normal indentation of brittle materials. Arrowed seg-
ments denote stage of stable ring crack extension from ¢ to c. (initiation), then unstable
to ¢; at P=P"” (cone-crack pop-in) (From [67]). Branches (1) and (3) correspond to un-
stable crack propagation (dK/dc > 0), branches (2) and (4) to stable crack propagation
(dK/dc < 0)

field can occur when the crack length become of the order of magnitude of the
contact radius.

Thus, more recently, refined fracture mechanics approaches have been de-
veloped which take into account the modifications of the elastic stress field
associated with crack propagation as well as the effects of potential microslid-
ing mechanisms between the crack faces [68-70]. Without going into detail,
stress and displacement fields are obtained by superimposing the individual
responses of the uncracked solid and of the cracks to the contact loading in
a manner that satisfies the boundary conditions along the faces of the cracks
The crack response is associated with displacement discontinuities along its
faces (opening and slip processes) which generate stresses.

Such approaches have been applied to the contact cracking problems
under sliding conditions in order to assess the values of the stress intensity
factors K; and Ky under cyclic tangential loading. As an example, Fig. 18
shows the numerical simulations corresponding to a cracked epoxy substrate.
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Fig. 18 Calculated values of the mode I (K7) and mode II (Kjr) stress intensity factors
within a cracked epoxy at various stages of a cyclic contact loading. Two cracks 350 um
in length and oriented at 10° with respect to the normal to the epoxy surface have been
considered. For symmetry reasons, only the results corresponding to one crack (denoted
A) have been represented. The tangential cyclic loading has been divided into eight suc-
cessive steps

The crack behaviour and the associated stress intensity factors during the var-
ious discrete steps of the cyclic tangential loading are represented. During
the alternate tangential loading, opening (steps 1 to 4) and closing (steps 5
to 8) mechanisms of the crack were simulated in accordance with the in
situ observation of the crack dynamics. This calculation of K; and Kj; also
clearly demonstrates the complex non-proportional nature of the loading at
the crack tip. It is usually found, however, that for such cracks the magni-
tude of Ky is much less than that of Kj, which means that the tip loading is
essentially of a mode I nature.

When considering the use of such a fracture mechanics analysis to analyse
the propagation of relatively short cracks within epoxy, some complications
could arise from the potential formation and breakdown of crazes. Although
the existence of crazes in epoxies has been the matter of some debate, there
appears to be overwhelming evidence against the occurrence of such failure
mechanisms in bulk specimens of these polymers [71]. Investigation of mode
I failure mechanisms in epoxy resins also invariably indicates that, depend-
ing on the temperature, the loading rate and the yield properties, two distinct
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type of propagation mode can be encountered, namely a stable (continuous)
propagation or an unstable “stick-slip” mode [71-73]. The unstable crack-
growth behaviour is generally attributed to localized crack tip yielding [73].
Accordingly, the fracture energies for crack initiation increase with increasing
temperatures (or decreasing loading rates) due to the temperature and strain
rate dependence of the yield stress. On the other hand, fracture energies for
crack arrest were nearly independent of temperature and were similar to the
fracture energies for stable propagation. The yield stress therefore appears
to be the controlling parameter regarding the nature of crack propagation
(Fig. 19). During the course of contact fatigue experiments, in situ observa-
tions indicated that the brittle propagation stages observed within the mixed
and gross slip regimes proceeded in a stable manner. These observations
are consistent with the above analysis and the fact that relatively high yield
stresses are expected for the investigated epoxy systems far below T, and at
the high loading rates associated with the cyclic contact loading.

In Fig. 20, the maximum calculated values of Ky are reported as a func-
tion of the crack length under a constant amplitude tangential loading. As the
crack length increases, the maximum value of K is progressively increased up
to the experimental value of the bulk fracture toughness (Kic = 1.2 MPa m!/?
according to [74]). Accordingly, the simulation indicates that a transition
from stable to unstable crack propagation should occur during the course
of a contact fatigue experiment, which is consistent with the above-reported
experimental observations. Taking into account the experimental value of
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Fig.19 Correlation between the ratio of the stress intensity factor to crack initatiation
(Kci) to stress intensity factor at crack arrest (Kca) and the true yield stress (oyt) of epoxy
materials (from [73])
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Fig.20 Calculated maxima in the mode I stress intensity factor as a function of crack
depth for a DGEBA/IPD epoxy material under cyclic loading. The dotted line corresponds
to the experimental value of the mode I fracture toughness

the toughness, the calculation indicates that this transition should occur for
a critical crack depth of about 200 um, which closely matches experimental
values.

4
The Role of Molecular Parameters in Contact Fracture Processes
of Glassy Polymers

4.1
Toughened Epoxy Networks

The results described above clearly show that the intrinsic low fracture tough-
ness of highly cross-linked epoxy networks can be a severe limitation in tribo-
logical applications involving contact fatigue conditions. Some attempts have
been made, however, to assess the potential of toughened epoxy systems in
order to improve the wear resistance of these materials. The addition of rub-
bers or thermoplastics which are initially miscible in the epoxy system and
display a phase separation during curing (RIPS) has been recognized as an ef-
ficient route for toughening epoxies [75, 76]. Carboxyl and amine terminated
butadiene acrylonitrile (CTBN and ATBN, respectively) rubbery particles in
particular proved to be successful in improving fracture behaviour but at the
price of a substantial decrease in the thermo-mechanical properties due to the
incorporation of the rubber phase into the epoxy matrix [77, 78]. Moreover,
these elastomers have relatively high glass transition temperatures which
limit their low temperature flexibility. To overcome this limitation, silox-
ane elastomers emerged as an attractive alternative because they have glass
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transition temperatures well below those of CTBN and ATBN. When incor-
porated into highly cross-linked epoxy networks, poly(dimethylsiloxane) and
poly(dimethyl-co-diphenyl) particles were found to induce a substantial in-
crease in the wear resistance [79-81]. The formation of contact cracks within
the siloxane-modified epoxies appears, however, to be strongly influenced by
the size and the distribution of the micrometre-scale rubber domains which
segregate during curing. When the domains are large and closely packed,
there is some evidence that particle detachment processes result from the
localization of the crack paths at the particle/matrix interface [80]. For the
classical pin-on-disk tribological test configurations considered in these in-
vestigations, the wear rates roughly correlated with the inverse of the fracture
toughness. The precise identification of the contribution of fracture tough-
ness to the observed improvement in wear properties is, however, compli-
cated by the lubricating action of polysiloxane-containing wear debris, which
accumulates at the sliding interface during the course of the wear process. As
a consequence, the magnitude of the cyclic stresses induced within the sub-
strate is reduced and it is not clear whether the enhancement of the wear
properties results from the improvement of the intrinsic fracture properties
rather than from the modification of the friction-induced surface tractions.

Some more detailed answers to this question were recently provided
within the context of the analysis of the contact fatigue behaviour of anti-
plasticized epoxy networks [82]. Anti-plasticizing agents usually consist of
small molecule additives that can be incorporated into epoxy networks in
order to increase the room temperature modulus. This latter effect has been
shown to result from a decrease in the mechanical losses associated with
the sub-T, B relaxation, by virtue of the partial hindrance of the associated
molecular motions by the additives molecules [83, 84]. In addition, the se-
lection of specific anti-plasticizing additives with a reduced miscibility in the
epoxy resin can also yield an improvement in fracture properties. Bearing
in mind that epoxy network toughening systematically results from phase
separation, an appropriate tuning of the additive polarity allows selection of
molecules that are initially miscible in the monomer mixture, but give rise
to nanoscale phase separation during curing. Such a goal was achieved by
Sauvant et al. [85, 86] by incorporating acetamide derivates in epoxy formu-
lations based on diglycidylether of bisphenol A (DGEBA) fully cured in the
presence of a stoichiometric amount of aromatic diamine (Table 1). In add-
ition to an increased room temperature modulus, these formulations also
exhibited a twofold increase in the room temperature fracture toughness
(Table 2).

The contact fatigue behaviour of these modified epoxy networks was inves-
tigated under small amplitude micromotions. Under similar contact loading
conditions, no cracks were detected within an anti-plasticized DGEBA/DDM
network up to 5 x 10’ cycles, whereas early crack propagation was detected
in the unmodified network. Although some slight wear degradation was ob-
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Table 1 Formulae of the modified stoichiometric epoxy networks
Cli

CH, Hy
H;:\—/(:H—(:H;%Oo—CHZ—c‘H—CHAn—oo—(:H;cr\4—/<3H2
o CH, OH H o

Ci

DGEBA

DDM
OH

Acetamide derivative (AM)

Table2 Mechanical and physical properties of the unmodified and modified DGEBA/DDM
epoxy polymers. Data taken from [85,86]. AM Acetamide derivative (see Table 1)

Ty (°C)? E (MPa)® oy (MPa)*  Kic (MPam!/2)d
DGEBA/DDM 190 2800 100 0.8
DGEBA/DDM-AM 111 3400 110 2.1

2 Measured from the maximum of the loss modulus E” at 1 Hz using dynamic mechanical
analysis

b Conservation modulus measured at 25°C and 1 Hz

¢ Compressive yield stress measured at a strain rate of 2 x 107 57!

4 Mode I Fracture toughness from notched three point bending specimens

served within the contact area (Fig. 21), the epoxy network with the included
additive can be considered as essentially undamaged at the end of the fretting
tests.

A relevant analysis of these differences in terms of toughness requires,
however, that the local stress conditions at the crack nucleation sites are prop-
erly evaluated. Owing to changes in the modulus and/or frictional behaviour
of the modified epoxy material, different stress conditions can be achieved
locally in the contact and the improved crack resistance of modified epoxy
does not necessarily reflect a change in its intrinsic crack propagation resis-
tance. Regarding the magnitude of the tensile stresses generated at the edge
of the contact, two opposite effects came into play: (1) an increase in the con-
tact pressure due to the “fortified” modulus of the anti-plasticized material
(from an Hertzian contact analysis, the quasi-static Young’s moduli of the
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Sliding Direction
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Fig.21 In situ visualization pictures showing damage a in a fretting contact between an
unmodified DGEBA/DDM epoxy network and a glass sphere, and b in a similar contact
with a DGEBA/DDM network modified with the acetamide derivative shown in Table 1.
The magnitude of the maximum tensile stress at the edge of the contact was found to be
similar in both cases. Contact fatigue cracks were only observed in the neat DGEBA/DDM
system

unmodified and modified epoxy networks were found to be 2600 MPa and
3300 MPa respectively), and (2) a slight decrease in the coefficient of friction
in the case of the anti-plasticized network (from 1.2 to about 1.1). It turned
out that these two effects compensated to give roughly the same value of the
maximum tensile stress amplitude at the edge of the contact when crack nu-
cleation was detected. Accordingly, the improved contact fatigue resistance
of the anti-plasticized networks can be unambiguously attributed to their
intrinsic toughening. Tentatively, a realistic mechanism might involve stress
concentration localized in the nanophase domains which is able to favour
plastic flow and dissipation at the crack tip, in agreement with the accepted
toughening mechanism involved in rubber-toughened epoxy systems.

4.2
Copolymers of Methylmethacrylate

Random copolymers of methylmethacrylate (MMA) also provide a conve-
nient way to investigate the contribution of molecular parameters to the con-
tact fatigue behaviour of glassy amorphous polymers. Extensive mechanical
characterization by Halary and co-workers [87-92] showed that the incorpo-
ration of various amounts of glutarimide or N-substituted maleimide units as
a co-monomer of MMA (Table 3) can result in strong changes in the plastic
behaviour and deformation modes. At the molecular level, these modifica-
tions were mostly attributed to changes in the cooperative motions involved
in the temperature range situated immediately above the sub-Tg 8 relaxation,
which are considered precursors of the a-relaxation [90]. Addition of increas-
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Table 3 Formulae of the random copolymers of methylmethacrylate

T
Methacrylate-glutarimide — CH;—C CH—CH——
copolymers (GIM) cl: ¢ C|:
0" N0 " N o
\ |
CH3 C(3H11
MMA GIM unit
n ?HS C _cH, CH
Methacrylate-maleimide N
—CH;—C——CH; c C
copolymers (MIM) [ | |
C
o — N
0~ ¢ o
CH, I
CH,
MMA MIM unit

ing amounts of maleimide was shown to induce a decoupling of the & and S
relaxation, which was associated with a marked embrittlement of the mate-
rials. Conversely, increased contents in glutarimide units tended to enhance
the cooperative motions involved in yielding with some consequences on the
competition between scission crazing, shear deformation and disentangle-
ment crazing in these materials [92]. Homologous series of MMA-glutarimide
(GIM) or MMA-maleimide (MIM) copolymers therefore offer the possibility
of tuning the fracture properties from a ductile to a brittle behaviour, while
keeping the elastic and plastic properties almost unchanged (Table 4).

A systematic investigation of the contact fatigue behaviour of the GIM and
MIM copolymers has been carried out at various imposed normal loads within
the elastic range of the polymers [93]. Whatever the contact load, a strong dif-
ference was observed in the development of the crack networks for the two
materials (Fig. 22). For the MIM system, the nucleation of cracks at the edge
of the contact area was immediately followed by a brittle propagation stage.
In contrast, crack propagation within the GIM copolymer occurred in a much
more progressive manner and multiple crack initiation was often observed.

Crack propagation within MIM was also associated with a slight but per-
ceptible decrease in the contact tangential stiffness, which was not the case for
the GIM copolymer. As reported above, the contact stiffness is strongly sensi-
tive to the extent of crack propagation. The fact that a drop in contact stiffness
is not perceptible for the GIM polymer could therefore be interpreted as evi-
dence of a limited propagation of the surface cracks through the thickness of
the specimens.
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Table4 Mechanical and physical properties of the methylmethacrylate-based random
copolymers. GIM 76 is a copolymer containing 76% of glutarimide units, MIM 25
a copolymer containing 25% maleimide units. Data taken from [89, 90, 98]

Tg (°C)? E' (MPa)® oy (MPa)* Kic (MPam'/2) H (MPa)

GIM 76 158 3400 120 2.44 260
MIM 25 161 3000 125 0.85 250

&b ¢ g for Table 2
dAs for Table 2. Measured using nano-indentation at a constant average strain rate of
0.05 s71. f Estimated from the fretting tests (see text)

Interestingly, the ductile-brittle transition observed for the MIM system
provided an opportunity to assess the material fracture toughness, which was
not possible using classical fracture mechanics tests due to the intrinsic brit-
tleness of the MIM system. The measurement of the critical crack length, L,
in the contact plane at the onset of brittle propagation allows estimation of
a fracture toughness Kic = 0.2%* /7 L. in the order of 0.85 MPa m!/2, i.e. much
less than that of a poly(methylmethacrylate) homopolymer (1.20 MPam'/?).

As for the epoxy polymers, a quantitative comparison of the contact fatigue
behaviour was attempted on the basis of an estimate of the maximum tensile
stress at the edge of the contact. The coefficient of friction of the copolymers
increased as the tests proceeded, with a variation which was dependent upon
the level of the normal loading. As a first approach, the value of u at crack
initiation was taken into account in the calculation of o.3?*. The results are re-
ported in a “S-N” fatigue diagram giving the maximum applied tensile stress
as a function of the number of cycles to crack initiation (Fig. 23). These data
show a marked increase in the contact fatigue resistance of the GIM copoly-
mers compared with the MIM material.

The observed contact cracking mechanisms are interesting to compare
to previously reported investigations of the microdeformation mechanisms
of thin films of the same copolymers strained in tension and observed by
transmission electron microscopy [90,92]. Depending upon the tempera-
ture and the composition of the methylmethacrylate copolymers, competitive
deformation processes in the form of crazes or homogeneous shear defor-
mation zones were identified. For the MIM copolymer under investigation,
extensive craze formation was observed at room temperature as a result
of the embrittlement of the copolymers by the maleimide co-monomers.
In contrast, straining of the GIM copolymer thin films at 20 °C resulted in
the extensive formation of shear bands in addition to crazes (as a com-
parison poly(methylmethacrylate) shows predominantly crazes under com-
parable conditions). This behaviour reflects the increased plastic yielding
ability, or ductility, of the GIM copolymer and has a strong beneficial ef-
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Fig. 22 Contact cracking processes within random copolymers of methylmethacrylate under
fatigue conditions (from [93]). a In situ observation of the contact areas. b Changes in the
contact stiffness as a function of the number of cycles for the cyclohexyl maleimide system
(see Table 2). Crack propagation is associated with a drop in contact stiffness as indicated
by the dotted line. In the case of the glutarimide system, no significant change in contact
stiffness was detected after contact cracking

fect on the macroscopic fracture toughness, which is about twice that of
poly(methylmethacrylate).

These conclusions are intersting in the light of the investigations by Yang
et al. on the role of craze breakdown during the fracture processes in-
volved in abrasive wear in glassy polystyrene and blends of polystyrene and
poly(phenylene oxide) [39, 40]. Using series of monodisperse polystyrenes
with increasing molecular weight, these authors showed a correlation be-
tween the craze breakdown strain measured using thin films and the abrasive
wear resistance of the polymer. Similar trends were also observed when the
craze breakdown strain was modified by incorporating various amounts of low
molecular weight polystyrene into the high molecular weight polystyrene ma-
terial. The use of fully miscible blend systems of craze forming polystyrene
and ductile poly(phenylene oxide) also provided the possibility of investigat-
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Fig.23 Contact fatigue behaviour of methylmethacrylate random copolymers under fret-
ting conditions. White circle Glutarimide co-monomer (76%), black circle cyclohexyl
malemimide co-monomer (25%). The maximum value of the tensile stress has been cal-
culated at the edge of the contact, where cracks initiate, and for values of the coefficient
of friction measured at crack initiation

ing the effects on wear behaviour of brittle-ductile transitions from crazing to
shear yielding. An examination of the wear-composition dependence of these
systems showed the existence of two wear regimes delimited by the known
composition for crazing-shear yielding transition. Accordingly, Yang et al. con-
cluded that the wear transition resulted from a change from craze-dominated
abrasive wear processes at low poly(phenylene oxide) contents to a behaviour
where shear zones became the prevalent microdeformation mechanism. These
experimental observations tend to support the idea that deformation and
fracture modes during asperity scratching of polymeric glasses is strongly con-
trolled by a competition between crazing processes and shear yielding. It also
suggests that craze criteria could be adequately be incorporated in a contact
mechanics analysis of crack nucleation in PS and acrylate polymers. Interest-
ingly, it can be noted that usual craze nucleation criteria incorporate the effect
of hydrostatic pressure [94, 95] which can be shown to be maximum at the
leading edge of the contact where cracks nucleate.

5
Conclusion

Extensive in situ observations of failure processes within model single as-
perity contacts demonstrate the relevance of fracture mechanics approaches
to the analysis of cracking processes within sliding contacts involving brit-
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tle amorphous polymers. Under predominantly elastic conditions, it turns
out that key parameters such as crack location, orientation and propagation
depth can adequately be predicted from a knowledge of the bulk material
fracture properties (toughness, fatigue) and a detailed analysis of the con-
tact stress field and stress intensity factors. This conclusion tends to support
the overall validity of a fracture mechanics approach to the quantitative an-
alysis of initial particles detachment processes involved in the wear of brittle
polymers. The incorporation of fracture mechanics ingredients into realis-
tic wear models would naturally require that interactions between multiple
cracks are taken into account. On the basis of the available description of
single-crack propagation mechanisms, there is, however, no obvious objec-
tion to the extension of the current fracture mechanics approach to more
realistic situations involving the development of a complete crack network
within a sliding contact.

The combination of experimental and theoretical approaches to contact
cracking processes was also applied to homologous series of polymers dif-
fering in their microstructural characteristics or by the presence of low mo-
lecular weight additives. It allowed a clear distinction between the separate
contributions of intrinsic toughness properties and frictional properties to
the observed changes in the contact cracking behaviour. Such an approach
could provide some guidelines for the development of wear-resistant polymer
formulations in situations where brittle cracking is the dominant tribological
damage mechanism.

One of the outstanding problems related to contact cracking in brittle poly-
mers remains the complex interactions between crack nucleation processes
and surface modifications due to frictional sliding. In the above detailed fret-
ting analysis, cracks were indeed induced by the contact stress field, but in
a region (at the edge of the contact zone) where the polymer surface was
not subjected to extensive frictional processes. The situation would be dif-
ferent under large amplitude sliding in the sense that cracks will be initiated
in a surface layer extensively sheared during the frictional processes. Within
this context the question of determination of the extent to which surface mi-
crostructural modifications due, for example, to cyclic plastic deformation,
can affect crack nucleation processes arises. In contrast to metallic materials
where the interactions between particle detachment processes and tribo-
logically transformed surface layers has long been recognized, this field of
investigation remains largely unexplored in polymer tribology.
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Abstract Although it is recognized that failure of glassy polymers involves crazing and
shear yielding, most of the studies of their fracture account for one or the other mechan-
ism. We present a finite element analysis in which crazing and shear yielding are incor-
porated. Shear yielding is accounted for through the description of a three-dimensional
constitutive law of the bulk material, while crazing is modeled by a cohesive surface
which comprises the three stages of initiation, thickening, and craze fibril breakdown and
related crack formation. The description is able to capture the main features of glassy
polymer fracture such as the ductile-to-brittle transition at low rates and the evolution
of the toughness with loading rate. In particular, it is demonstrated that the competi-
tion between shear yielding and crazing governs the material’s toughness. Even if the
description of crazing presented here is essentially phenomenological, a cohesive zone
formulation is shown to provide a consistent formulation to bridge descriptions of failure
at the molecular length scale with analyses performed at the continuum scale.
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Abbreviations

%
3-ch 7,8-ch
boz > ba

AN
N
n
kg
CR

SRS

I

Tensor product

Scalar product

Deviatoric part of a second-order tensor

Trace of a tensor

Basis unit vector

Second-order unit tensor

Deformation rate tensor

Elastic part of the deformation rate tensor

Plastic part of the deformation rate tensor
Cauchy stress tensor

Back stress tensor

Effective stress tensor

Second Piola-Kirchhoff stress tensor and related traction vector
Lagrangian strain tensor and displacement vector

Jaumann rate of the Cauchy stress tensor
Fourth-order isotropic elastic modulus tensor
Glass transition temperature

Young’s modulus

Bulk modulus

Poisson’s coefficient

Coefficient of cubic thermal expansion

Equivalent shear strain rate

Equivalent shear stress

Hydrostatic pressure

Pressure sensitivity coefficient

Initial shear strength

Steady-state shear strength

Parameter controlling the rate of softening
Pre-exponential shear strain rate factor

Parameter for the temperature dependence of the shear strain rate
Energy dissipation rate per unit volume

Principal plastic stretches (o =1, ...,3)

Largest plastic stretch

Principal directions of the plastic stretch

Three chains and eight chains description for the estimate of the back stress
tensor b

Maximum stretch of the polymer coil

Number of segments between entanglements
Volume density of entanglements

Boltzmann constant

Shear modulus of the plastically activated entangled network
Gas constant

Entanglement dissociation energy

Viscosity in the non-Newtonian response above T
Exponent of the non-Newtonian response above T
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L
01 ,02, 03

Omax> Omin

Thermal conductivity

Mass density

Isochoric specific heat

Tensile yield stress

Mean stress

First stress invariant

Principal stresses

Maximum and minimum principal stresses

op Stress bias

A%, B0 Parameters in the craze initiation criterion of Sternstein et al. [24]

XY Parameters in the craze initiation criterion of Oxborough and Bowden [26]

AT Critical craze thickness

Ac Craze length

Dy, D Primitive and mature fibril diameter

Ve Craze thickening rate

To Fibril lifetime

o¢ Craze stress in the Dugdale description (see Figs. 3 and 4)

o Force for chain breakage

Vs Surface density of entangled chains

Ei, E; Young’s moduli to represent the anisotropic craze fibrils structure

On Traction vector normal to the cohesive surface

of Critical traction for craze initiation

Ot Traction vector tangential to the cohesive surface

Ay Craze thickening rate along the direction normal to the craze plane

Ay, A%, 0¢ Material parameters for the normal craze thickening rate: preexponential
thickening rate, temperature dependence, athermal normal stress

Ay Tangential craze thickening rate

Iy, ¢ Material parameters for the tangential craze thickening rate: pre-exponential
thickening rate, athermal shear stress

kn Stiffness of the cohesive surface

ho Thickness of the craze at the onset of craze initiation

q Heat flux through the cohesive surfaces

Gc Energy release rate

Ki Mode I stress intensity factor

K Rate of the mode I stress intensity factor

My, Weight-average molecular weight

PMMA Poly(methyl methacrylate)

PC Polycarbonate

SAN Styrene-acrylonitrile polymer

1

Introduction

Amorphous polymers exhibit two mechanisms of localized plasticity: craz-
ing and shear yielding. These are generally thought of separately, with crazing
corresponding to a brittle response while shear yielding is associated with
ductile behavior and the development of noticeable plastic deformation prior



198 R. Estevez - E. Van der Giessen

to fracture. Shear yielding is plastic flow localized in a shear band caused
by the inherent strain softening after yield followed by rehardening at con-
tinued deformation. Crazing is also a mechanism of localized plasticity but
at a different scale, and has a distinctly different appearance. Crazes are
planar cracklike defects but unlike cracks, the craze surfaces are bridged
with polymer fibrils resulting in some load-bearing ability. Following the
presently available description of crazing, we present how it can be modeled
by cohesive surfaces. The related constitutive response is written in terms
of a traction-opening law which incorporates the stress-state dependence for
initiation, the rate-dependent thickening during fibrillation, and the fibril
breakdown for a critical craze thickness.

Most of the analyses of crazing found in the literature so far assume that
the bulk surrounding the craze remains elastic. This assumption is certainly
a limitation to the analysis of glassy polymer fracture, since crazing and shear
yielding can appear simultaneously [1]. As both are rate-dependent processes,
the competition between their kinetics for a given loading (defined by its
level and rate) is expected to control which mechanism is developing first and
dominates, thus defining a ductile or brittle response.

We present recent results on the analysis of the interaction between plas-
ticity and crazing at the tip of a preexisting crack under mode I loading
conditions. Illustrations of the competition between these mechanisms are
obtained from a finite element model in which a cohesive surface is laid out
in front of the crack.

As the loading rate increases, thermal effects need to be accounted for and
the analysis is extended to a coupled thermomechanical framework. Evidence
of a temperature effect in glassy polymer fracture is found (e.g., in [2,3])
with a temperature increase beyond the glass transition temperature Tg. The
influence of thermal effects on the fracture process is also reported.

Tensors are denoted by bold-face symbols, ® is the tensor product, and
- the scalar product. For example, with respect to a Cartesian basis e;,
AB = AjxByjei®ej, A- B = A;jBjj,and C°B = C:.}lekle,- ® ej, with summation im-
plied over repeated Latin indices. The summation convention is not used for
repeated Greek indices.

2
Viscoplastic Deformation of Amorphous Polymers

We present a constitutive model for amorphous polymers in their glassy state
(T < Tg) when no crazing takes place (like in shear or in compression). The
formulation is supplemented with a simple description of the material re-
sponse when the temperature gets higher than Ty, as found experimentally to
occur at sufficiently high loading rates [2, 3]. Therefore, two descriptions of
the viscoplastic response of amorphous polymers are used, depending on the
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temperature. The two viscoplastic processes are described within the same
framework.

Following the original ideas of Haward and Thackray [4], the three-
dimensional basis for modeling the deformation of glassy polymers is due
to Boyce et al. [5]. The constitutive model is based on the formulation of
Boyce et al. [5], but we use a modified version introduced by Wu and Van
der Giessen [6]. Details of the governing equations and the computational as-
pects were presented by Wu and Van der Giessen in [7]. The reader is also
referred to the review by Van der Giessen [8], together with a presentation of
the thermomechanical framework in [9].

The constitutive model makes use of the decomposition of the rate of de-
formation D into an elastic, D¢, and a plastic part, DP, as D = D° + DP. Prior
to yielding, no plasticity takes place and DP = 0. In this regime, most amorph-
ous polymers exhibit viscoelastic effects, but these are neglected here since we
are primarily interested in those of the bulk plasticity. Assuming the elastic
strains and the temperature differences (relative to a reference temperature
To) remain small, the thermoelastic part of the response is expressed by the
hypoelastic law

\% .
0 = CeD¢ - Ko TI, (1)

where g is the Jaumann rate of the Cauchy stress, and C. the usual fourth-
order isotropic elastic modulus tensor. The coefficients K and «. are the bulk
modulus and the coefficient of cubic thermal expansion, respectively. Assum-
ing that the yield response is isotropic, the isochoric plastic strain rate DP is
given by the flow rule

yP 5
«/27,' ’

which is specified in terms of the equivalent shear strain rate yP = \/DP -DP,
the driving stress ¢ = o - b, and the related equivalent shear stress 7 =
\/1/26’-&'. The back stress tensor b describes the progressive hardening of
the material as the strain increases and will be defined later on.

The equivalent shear strain rate yP is taken from Argon’s expression [10]

A 5/6
)’P:yoexp|:— ;0 {1—<t> }:| for T< Ty, (3)
So

where yp and A are material parameters and T the absolute temperature (note
that plastic flow is inherently temperature dependent through Eq. 3). In Eq. 3
the shear strength s is related to elastic molecular properties in Argon’s ori-
ginal formulation but is considered here as a separate material parameter. In
order to account for the effect of strain softening and for the pressure de-
pendence of the plastic strain rate, sp in Eq. 3 is replaced by s + ap, where «
is a pressure sensitivity coefficient and - p = 1/3tr(c’). Boyce et al. [5] have

DP = )
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suggested a modification of Eq. 3 to account for intrinsic softening by substi-
tuting so with s, which evolves from the initial value sy to a steady-state value
sss according to § = h(1 - s/s)yP, with h controlling the rate of softening. The
energy dissipation rate per unit volume is given by

D=¢" DP=+27yP. (4)

The resulting temperature rise will be accounted for in the coupled analysis to
be presented in Sect. 5.

The constitutive model is completed by the description of the progressive
hardening of amorphous polymers upon yielding due to the deformation-
induced stretch of the molecular chains. This effect is incorporated through
the back stress b in the driving shear stress 7 in Eq. 2. Its description is based
on the analogy with the stretching of the cross-linked network in rubber elas-
ticity, but with the cross-links in rubber being replaced with the physical
entanglements in a flowing amorphous glassy polymer [5]. The deformation
of the resulting network is assumed to be affine with the accumulated plastic
stretch [6], so that the principal back stress components b, are functions of
the principal plastic stretches A g as

b= ba(eh®eh), by =Dba(tp), (5)

in which e}, are the principal directions of the plastic stretch. In a description
of the fully three-dimensional orientation distribution of non-Gaussian mo-
lecular chains, Wu and Van der Giessen [6] showed that b can be estimated
accurately with the following combination of the classical three-chain model
and the eight-chain description of Arruda and Boyce [11]:

by = (1-&) bTN + £b8h, (6)

where the fraction & = 0.851/ +/N is based on the maximum plastic stretch
X = max(A1, A2, A3) and on N, the number of segments between entangle-
ments. The use of Langevin statistics for calculating b, implies a limit stretch
of +/N. The expressions for the principal components of b>P and b
contain a second material parameter, the initial shear modulus CR = nkgT,
in which n is the volume density of entanglements (kg is the Boltzmann
constant).

Based on a study of the temperature dependence of strain-induced bire-
fringence in amorphous polymers, Raha and Bowden [12] suggested that the
thermal dissociation of entanglements can be described by

n(T) = B-Dexp (- E2/RT) (7)

In the above expression, E, is the dissociation energy, R is the gas constant,
and B and D are material parameters. Such evolution of the entanglement
density is used to model a reduction of the hardening with temperature. As
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pointed out by Arruda et al. [13], this evolution law is subject to the side con-
dition nN = constant in order to keep the number of molecular links constant.
Therefore, the back stress according to Eq. 5 is also temperature dependent
through N(T) and CR = n(T)kgT. The material parameters B and D are esti-
mated here from the assumption that the back stress vanishes as the tempera-
ture approaches Ty, resulting in n(Tg) = 0 so that B/D = exp(- Ea/RTy).

The formulation above is assumed to hold for temperatures up to the glass
transition Tg. For T > Tg, most studies found in the literature focus on the de-
scription of the molten state [14] due to its practical importance, while little
attention is paid to the response of glassy polymers in the rubbery state, near
Tg. For strain rates larger than 1 s™', the mechanical response of the molten ma-
terial is non-Newtonian for most polymers and described by t = ny™, where n
and m are material parameters. We assume that this non-Newtonian response
prevails as soon as Tg is exceeded. Hence, within the same framework as used
below Tg, the equivalent plastic strain rate (Eq. 3) is replaced by

T 1/m
PP = yoR (So) for T > Ts. (8)

In this expression, 7 as been substituted for convenience by n = s¢/ (&yo)m
with so and yy being below-T; parameters in Eq. 3, and 8 a nondimensional
constant. The deformation in the molten state is generally believed to involve
chain slippage and temporary entanglements between the moving chains re-
sulting in the non-Newtonian viscosity [14]. The details of the deformation
process are lumped into the parameters 7 (or X) and m so that no back stress
contribution is considered above Tg: 6 =0 and 7 = \/1/20 - 0.

The exponent m is observed to vary between 0.3 and 1 for molten poly-
mers [14] but for those exhibiting a marked non-Newtonian response like
most glassy polymers, m ranges from 0.3 to 0.5; the value m = 0.4 is adopted
here. For a given temperature, the evolution of the viscosity n with increas-
ing strain rate is observed to decrease from a Newtonian value 7y at low
strain rates to a level five or six decades smaller [14, 15]. For a temperature
around Tg, the value of no can be estimated from [15] to be of the order of
some megapascals for materials like PMMA or PC. A smaller value is expected
in the non-Newtonian regime so that for temperatures above Tg, a constant
value of = 0.35 MPa (X = 0.02) is used to describe the material response in
the molten state. With this simple description, we only aim at being able to
continue our calculations if the temperature exceeds Ty locally, which may
happen during crack propagation at high loading rates. We need to keep in
mind that we are primarily concerned with temperatures below Tg, and the
incorporation of more sophisticated models as found in [14, 15] is out of the
scope of the present investigation.

Figure 1 shows the response to simple shear that is obtained with the con-
stitutive model described above under isothermal and adiabatic conditions,
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Fig.1 Mechanical response of SAN to simple shear at an applied strain rate of 10~/s and
107 /s for isothermal or adiabatic conditions (solid and dashed lines, respectively). The
temperature increase delays the hardening for a strain rate of 107/s which vanishes for
1072/s. In this case, the material reaches the glass transition temperature and enters the
rubbery state resulting in a small load-bearing capacity

i.e., when the viscoplastic energy dissipation converted into heat as
/OCVT =D, )

in which D is defined in Eq. 4, p is the mass density, and ¢y the specific heat.
The temperature increase reduces the rehardening due to the back stress ten-
sor b since the entanglement density n decreases with increasing temperature
(see Eq. 7), thus resulting in a higher maximum stretch /N of the molecular
strands.

The material parameters used are given in Table 1 and are representative
of SAN. The parameters involved in adiabatic analyses (Eq. 9) are reported
in Table 2 and are expected to be representative for glassy polymers. For the
lowest shear strain rate of 107%/s, adiabatic conditions moderately affect the
orientational hardening which appears for a slightly larger deformation. As
the loading rate is about 107%/s or higher, the final hardening is suppressed

Table 1 The set of parameters used for the description of the bulk response representative
of SAN at room temperature supplemented with X and m involved in the description for
T>T,

8

E/sy v sss/so Asg/T h/sy « N CR/sy R m

SAN 12,6 0.38 0.79 52.2 12.6 0.25 12.0 0.033  0.02 0.4
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Table2 The set of parameters used in the thermal part of the analysis from [9] and
standard for glassy polymers

Ea/R k o P Cv

28x10°K  035W/mK 2x10*K"' 1.08x102kg/m®  1.38x10°J/kgK

and the glass transition temperature is reached locally, corresponding to the
loss of any load-bearing capacity of the material. It is unlikely that adiabatic
conditions are met for a strain rate of 107/s but as long as temperature effects
need to be considered, this figure shows that the material may not harden,
even for large deformations.

3
Crazing

Since early investigations of glassy polymer fracture, as reviewed in [16],
crazing has been recognized as the mechanism preceding the nucleation
of a crack. The major advances in the description of the crazing process
are thoroughly examined in two volumes of the present series [18, 19]. The
mechanism of crazing involves three stages (see [16-19]): (1) initiation, (2)
thickening of the craze surfaces, and (3) breakdown of the craze fibrils and
creation of a crack. The description presented here is phenomenological since
the model is motivated by the mechanical considerations, and the molecular
aspects (e.g., the molecular weight or the entanglement density) are generally
not incorporated.

Because crazing is a precursor to failure, pioneering studies on crazing
have focused on the conditions for craze initiation. Later on, estimation of the
toughness motivated examination of the craze thickening and the conditions
for craze breakdown.

We present the major results established in the description of crazing and
the recent developments in this field. Crazing has been investigated within
continuum or discrete approaches (e.g., spring networks or molecular dy-
namics calculations to model the craze fibrils), which have provided phe-
nomenological or physically based descriptions. Both are included in the
presentation of the crazing process, since they will provide the basis for the
recent cohesive surface model used to represent crazing in a finite element
analysis [20-22].
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3.1
Craze Initiation

The physical mechanism for craze initiation is not yet clearly identified, and
various criteria have been proposed depending on the assumed mechan-
ism and length scale for its description. Experimentally, one observes an
incubation time for craze formation when a constant stress smaller than ap-
proximately half of the yield stress is applied. The total number of craze nuclei
reaches a saturation value which increases with applied stress [16,23]. For
these stress levels, the incubation time can be greater than 100 s and this time
decreases with increasing stress. Above half of the yield stress, the incubation
time becomes negligible [23]. Based on these observations and borrowing
some ideas for ductile failure in metals, Argon and Hannoosh [23] developed
a sophisticated criterion for time-dependent craze initiation, which includes
a negligible influence of time when the stress level is larger than half the yield
stress. In this case the criterion reduces to
A 10

|Omax = Omin| = C+ 30'm/20'yQ (10)
in which omax and opin refer to the maximum and minimum principal
stresses, oy, = 1/3tr o is the mean stress, A and C are material parameters,
Q =10.0133 is a factor controlling the dependence of the critical shear stress
on the mean stress, and oy is the tensile yield stress of the material [23]. It is
shown in [20] that the criterion (Eq. 10) shows predictions for craze initiation
under tension similar to those provided by a formulation based on stress bias
conditions as used by Sternstein [24, 25].

The stress bias criterion [24, 25] refers implicitly to two mechanisms of
microvoid formation in a dilatational stress field and stabilization of the
microvoids through a deviatoric stress component and local plasticity. Its
definition is

0
oh=lor-ool = A0+ (1)

I
in which oy, is a stress bias depending on the first stress invariant I;. Crazing
initiates for a positive I; and the plane of craze initiation is perpendicular to
the direction of maximum principal stress o;. Sternstein et al. [24] derive the
above expression from experiments in which crazing initiates in the vicinity
of a hole drilled in a thin plate of PMMA, for which the principal stresses are
01 > 03 > 03 =0. In a subsequent analysis on thin cylinders under combined
tension and torsion loadings, the above formulation is observed to agree with
experimental observations of craze initiation when o1 > 03 =0 > 03, with o
being the smaller stress in this case. This is pointed out by Oxborough and
Bowden [26], who suggested a definition of a critical strain as ec > X + Y /o,
which is also hydrostatic stress dependent. This criterion can be reformulated
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for an elastic material with v being the Poisson’s coefficient and E the Young’s
modulus as

/
o1 -voy —vos > X' + L (12)
1
where X' = EX and Y’ = EY.

The criteria (Eqgs. 11 and 12) are similar and are derived from studies on
materials that are elastic at initiation of crazing, while more ductile materi-
als like polycarbonate show a more pronounced sensitivity to the hydrostatic
tension. This has been found experimentally by Ishikawa and coworkers [1,
27] for notched specimens of polycarbonate. Crazing appears ahead of the
notch root, at the intersection of well-developed shear bands. From a slip
line field analysis, the tip of the plastic zone corresponds to the location of
the maximum hydrostatic stress. This has been confirmed by Lai and Van
der Giessen [8] with a more realistic material constitutive law. Therefore,
Ishikawa and coworkers [1, 27] suggested the use of a criterion for initiation
based on a critical hydrostatic stress. Such a stress state condition can be ex-
pressed by Eq. 11 with o, =0 and I{" = B®/A°. Thus, the criterion (Eq. 11)
can be considered general enough to describe craze initiation in many glassy
polymers. For the case of polycarbonate, a similar criterion is proposed
in [28] as

o' =A+ f (13)

1
in which o{" is the maximum principal stress, and A and B are material pa-
rameters. The criterion (Eq. 13) is indeed very similar to Eq. 11 or Eq. 12. As
long as a better fundamental understanding of craze initiation is pending, the
choice of which criterion to adopt is essentially dependent on the ability of
capturing experimental results.

3.2
Craze Thickening

Descriptions of craze thickening are based on the observed crazes at the tip
of a stationary crack for creep tests [29, 30] and on observations of crazes in
thin films by transmission electron microscopy (TEM) or small-angle X-ray
scattering (SAXS) [31, 32].

D6l and coworkers [29, 30] used interferometry to measure the evolution
of craze length and craze thickness with time under constant load. By using
the Dugdale plastic zone [33] concept for the description of the craze at a sta-
tionary crack tip, the craze thickness and the craze length were observed to
increase slightly up to 10° s and markedly for larger loading times [29, 30].
The craze stress acting on the craze surfaces derived from the Dugdale analy-
sis was observed to decrease with time while thickening continued [29, 30],
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thus suggesting that crazing is a time-dependent process. Before details of
the craze microstructure provided by TEM [34] or SAXS [35] were available,
extension of craze fibrils was thought to proceed by creep [16]. If the latter
mechanism is operating during craze thickening, it would result in a varia-
tion of the craze density along the craze length, since the craze material just
after initiation is expected to have a higher density than that in regions with
longer craze fibrils. Such a variation of the volume fraction of the craze is
not seen in TEM observations of crazes in thin films [31, 32]. Instead, it has
been found that the craze microstructure consists approximately of cylinders
with a diameter D ~ 5-15 nm for “mature” fibrils, while those at the craze tip
are thought to have an initial diameter of Dy &~ 20-30 nm, depending on the
material [31, 32]. Following Kramer [31, 32], the diameter Dy of the primitive
fibrils is assumed to be approximately the fibril spacing in Fig. 2.

These observations appear to be in contradiction with a creep mechan-
ism for craze fibrillation, and the currently accepted description refers to the
drawing-in mechanism due to Kramer [31, 32]. Kramer argued that fibrilla-
tion takes place within a thin layer (about 50 nm) at the craze/bulk interface,
in which the polymer deforms into highly stretched fibrils similar to the
mechanism of drawing of polymer fibers, as illustrated in Fig. 2. Craze thick-

BULK MATERIAL

Cohesive Surface Drawing Stress G,

tt+t ¢+ t 1 1

Plane of separation |

for chain scission |
‘active’ zone / &
Amorphous polymer

Highly stretched c

: A
1 h n
poymere \\ r=Do/2 2
Fibrils
D
-

Fig.2 Description of the craze thickening process according to Kramer [31] as draw-
ing in new polymer chains from the craze/bulk interface into the fibrils. The fibrils have
a diameter D and spacing of Dy
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ening is then a consequence of large viscoplastic deformations inside this
“active” plastic zone at the craze/bulk interface. During fibrillation, stretching
of the polymer chains is thought to be combined with chain scission and dis-
entanglement along a plane of separation located at the top of the craze void.
Craze fibrils are not only made of parallel cylinders perpendicular to the craze
surfaces, but also of lateral cross-tie fibrils which connect the main fibrils.
Kramer and Berger [32] suggested that these cross-tie fibrils originate at the
plane of separation, when disentanglement is not complete so that fibrillation
results in a chain that belongs to two main fibrils.

The deformation of the polymer within a thin active zone was originally
represented by a non-Newtonian fluid [31] from which a craze thickening rate
is thought to be governed by the pressure gradient between the fibrils and the
bulk [31, 32]. A preliminary finite element analysis of the fibrillation process,
which uses a more realistic material constitutive law [36], is not fully consis-
tent with this analysis. In particular, chain scission is more likely to occur at
the top of the fibrils where the stress concentrates rather than at the top of the
craze void as suggested in [32]. A mechanism of local cavitation can also be
invoked for cross-tie generation [37].

More work on a detailed description of the fibrillation process is needed
to clarify the underlying mechanism and its relationship with molecular as-
pects, such as the entanglement density or the molecular mobility. Neverthe-
less, based on the observations reported by Doll [29, 30] of time-dependent
craze stress and Kramer’s [31, 32] description of fibrillation involving an ac-
tive plastic zone, one can conclude that craze thickening is a viscoplastic
process.

3.3
Craze Breakdown

Following the studies on craze initiation, several efforts have focused on the
description of glassy polymer fracture, and especially on the characteristics
of a craze developed at a crack tip. Kambour [16] has shown that the length
and thickness of a craze developed at the tip of a preexisting crack can be
measured by interferometry and quantitative predictions have been reported
in [29, 30, 38].

The measure of the craze shape ahead of a propagating crack by Brown and
Ward [38] appears consistent with the geometry of the “plastic” zone accord-
ing to a Dugdale [33] model of a craze. For a precracked specimen under the
remote load o (Fig. 3), the craze is represented by a plastic zone similar to
a strip at the tip of the crack. The profile of the plastic zone varies from zero
at the location (a + Ac) to the value A® at the crack tip.

Typical values for crazes in glassy polymers [29, 30, 38] are a few microns
in thickness and tenths of millimeters in length. The measures of A" and A
are used by Brown and Ward [38] to estimate the toughness and the craze
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Fig.3 Schematic of the Dugdale model. The plastic zone is modeled by a strip subjected
to a constant normal stress o.. The length of the crack is 2a and the size of the plastic
zone ahead of the crack tip is Ac

stress. On the other hand, the observation of a constant critical thickness A"
at the tip of a running crack [29, 30, 38] has motivated the definition of a frac-
ture criterion based on this parameter for crack propagation (e.g., in [39, 40]).
In PMMA with a high molecular weight (My =2 x 10° g/mol), the meas-
ured critical craze thickness [41] at the tip of moving cracks is observed
to be approximately constant for crack velocities ranging from 1078 mm/s
to 20 mm/s, so that the crack velocity moderately affects the critical craze
opening.

Depending on the material, a critical molecular weight for the observa-
tion of a stable craze has been found, for PMMA [29, 30] and for PC [42].
Below this critical value, crazes are not seen by interferometry and the ma-
terial is very brittle. The molecular weight has to be sufficiently large (about
M, =3x10° g/mol for PMMA and M,, = 12 x 10° g/mol for PC) for the de-
velopment of a stable craze. The critical craze thickness and craze length (A
and A.) are also temperature dependent [29, 30,43, 44] and this effect is am-
plified with increasing molecular weight [29, 30].

Based on the description of craze thickening due to Kramer et al. [31, 32],
Schirrer [45] proposed a phenomenological viscoplastic formulation for the
“fibril drawing velocity” similar to the Eyring model as

Ve = Ve exp (Gc) , (14)
ov

in which o is the craze stress and oy a reference stress (so that 1/ovy refers to

some activation volume). The maximum craze thickness is obtained by inte-

gration of the thickening velocity in Eq. 14 up to a critical time or “lifetime”

for the fibrils inside the craze. The lifetime is determined experimentally as
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79 = Ac/a, in which Ac is the craze length and d the crack velocity. This pa-
rameter is assumed to be stress dependent as

rO:-cOiexp(_GC), (15)

Ot

similar to that of the fibril drawing velocity in Eq. 14. From the lifetime 7 in
Eq. 15 and the fibril drawing velocity (Eq. 14), the craze maximum thickness
is [45]

A (0¢) = 2Veooi €xp (0c/ov - 0c/0t) (16)

for a constant craze stress. As the critical craze thickness results from the
product of the craze thickening rate (Eq. 14) and the lifetime (Eq. 15), we can
notice that if the craze stress o is rate independent, the expression of A
in Eq. 16 is constant, while a rate-dependent craze stress results in a rate-
dependent A, as long as oy and o are different. For PMMA, Schirrer [45]
indicates that these quantities are very close to each other so that a constant
critical craze thickness is derived from Eq. 16. The origin of the craze fibril
breakdown is lumped into the definition of the critical craze thickness or in
the lifetime 7o due to Schirrer [45], the latter formulation including some rate
dependence in A" through Eq. 16.

The more recent developments in the description of crazing have ad-
dressed the physical origin of the critical craze thickness A" and the features
governing its value. Kramer and Berger [32] proposed that craze thickening
continues until the entanglement reduction during fibrillation is critically en-
hanced by the presence of a flaw or a dust particle. Thus, the load-bearing
ability locally vanishes and results in a stress concentration. The local in-
crease of the stress triggers the breakdown of the surrounding fibrils and
crack propagation within the craze strip. This process involves a statistical
analysis presented in [32] but this interpretation neither refers to intrinsic
properties nor does it account for the influence of cross-tie fibrils.

Brown [46] demonstrated the importance of the fibrils interconnecting the
main fibrils, and a two-scale analysis of the craze strip is considered as pre-
sented in Fig. 4. In a Dugdale description (Fig. 4a), the craze zone is subjected
to the constant stress o, and crack propagation occurs for the critical thick-
ness A", At the smaller scale represented in Fig. 4b, the craze zone is regarded
as a very long strip of thickness 8f containing a crack. This strip is assumed to
be subjected to the remote uniform stress o in the region of the craze-crack
transition. The analysis of this local problem aims to estimate the stress dis-
tribution within this craze zone and the conditions for crack propagation in
terms of strip thickness &f, and critical stress for fibril breakdown.

The craze is modeled by an elastic anisotropic medium with Young’s mod-
uli E; and E, corresponding to the stiffness of the cross-tie and the main
fibrils (E; < Ez). As the strip thickens along the direction 2 (Fig. 4b), the
elastic energy density W is stored so that the energy release rate at failure
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Fig.4 Description of a craze (a) with a Dugdale zone, and the local analysis (b) as a long
strip representing the anisotropic craze structure made of main fibrils oriented along
direction 2, connected with lateral cross-tie fibrils along direction 1

is [46]
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Brown suggested the use of Eq. 17 together with the energy release rate esti-
mated for an edge-loaded elastic anisotropic specimen as [46, 47]

(17)

2 2
KI _ of O¢

~ =4 18
VEIE; 2E, (18)

4
to provide an estimate of the stress intensity factor Ki of the local prob-
lem. By considering the main fibrils approximately as cylinders of diameter
D [31, 32], the estimation of the stress at distance D/2 from the crack tip is
02(D/2) =K/ /7D so that the effective stress acting on the closest fibril to
the crack tip is

. 1/2 14

ot = 2022(D/2) = hoc (5 /ZnD) (E1/Ex) /", (19)
in which A accounts for the isochoric transformation between primordial fib-
rils to mature fibrils, which results in a reduction of the fibrils’ cross-sectional
area [31,32] (the fibril volume fraction is vf = 1/1). The condition for craze
fibril breakdown corresponds to 0" = Avsfy, in which vy is the surface dens-
ity of entangled chains and f;, the force required for chain breakage. From
Eq. 19, the corresponding critical thickness 8t for fibril breakdown is es-
timated from the material parameters (X, v, fi,). The connection between
the two analyses comes from the thickness of the fibrillated structure &,
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the thickness of the initial uncrazed strip &y, and the corresponding dis-
placement of the craze surface A of the Dugdale problem as [31, 34, 46]
8f = 189 = AS + 8. At the onset of craze fibril breakdown, the latter relation-
ship yields A" = 5f<r (1 - v), in which A is the critical craze opening of the
Dugdale problem and 6" the critical thickness of the craze strip. The energy
release rate of the Dugdale problem in Fig. 4a is

2,2 1/2

vife2nD (E

Gc = OcAcr = Sfb ( 2) (1 - Vf) N (20)
Oc E]

which is distinct from the approximation used in Eq. 18 for the local problem
which only aims to provide an estimate of the thickness ' and the stress on
the fibril at the crack tip.

The toughness G. (Eq. 20) is related to material features such as the surface
density of entangled chains in the fibrils vs and the force for chain scission
fo. The value of vs depends on the amount of disentanglement induced by the
fibrillation together with the “initial” entanglement density of the bulk.

Therefore, the parameter vs provides an interpretation of the molecular
dependence of the fracture toughness with molecular weight reported by
Doll [29]: fibrillation involves chain scission which can result in a vanish-
ing v for an already low molecular weight material to a constant value when
stable fibrils are observed. The correlation between the toughness and the
entanglement density as predicted by Brown in Eq. 20 has been observed
experimentally by Wu [48]. The relationship between the craze stress, the pa-
rameters of the craze microstructure (E;, E,, and D), and molecular aspects
of the polymer chain (flexibility, type of side group) are intensively discussed
in the two reviews by Monnerie et al. in this volume, and molecular dynamics
calculations devoted to this investigation are emerging [49, 50].

Following Brown’s analysis of the influence of the cross-tie fibrils on
craze breakdown, several improvements at a length scale between standard
continuum mechanics and molecular dynamics have been reported. Hui
et al. [51] investigated the strip problem presented in Fig. 4b with different re-
mote conditions: the uniform craze stress o. is considered ahead of the crack
tip only (x; > 0 with origin at crack tip) and o = 0 for x; < 0; and also a peak
stress is used to represent a stress singularity at the crack/craze interface. Pre-
dictions of the stress level acting on the fibrils at the crack tip are provided,
but the general trends in terms of entanglement surface density and force for
chain breakage are similar to those of Brown [46]. Sha et al. [52] use a dis-
crete network of springs to model the fibrils of the craze strip. As two types
of springs are used to represent the main or the cross-tie fibrils, estimates of
the anisotropic moduli assumed by Brown [46] in terms of the stiffness, the
diameter, and the volume fraction of the fibrils are presented.

More recently, Sha et al. [53] pointed out the necessity of using a rate-
dependent drawing stress o. as reported in [29,30]. If only this depen-
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dence is included in Brown’s model, the toughness in Eq.20 would de-
crease with increasing craze stress, which is in contradiction with D&ll’s
data [29,30]. Therefore, Sha et al. [53] incorporated a rate-dependent criti-
cal craze thickness in order to capture the evolution of the toughness with
crack velocity. However, the evolution of the critical craze thickness pre-
dicted in [53] decreases by a factor of five from low to fast crack velocities
which is not fully consistent with experimental observations [29, 30], thus
indicating that the process of craze fibril breakdown needs to be further clar-
ified.

In conclusion, cross-tie fibrils are important for the interpretation of the
mechanism of fibril breakdown, and can explain the influence of the chain
entanglement density and chain breakage on the toughness. The analysis of
craze breakdown has also pointed out the need for a rate-dependent craze
stress, as was already concluded from the craze thickening process. The crit-
ical craze thickness is very probably rate dependent as well, but the origin of
this still has to be elucidated. Its value is approximately constant for a given
temperature and molecular weight, and shows little variation (less than 20%)
in PMMA for crack velocities varying over nine decades.

4
Cohesive Surface Model for Crazing

In glassy polymers, crazes have typical dimensions of microns in thickness
to tenths of millimeters in length, so that one can generally neglect the
craze thickness compared to the other relevant dimensions in the problem
under consideration. Following the concept of a cohesive zone due to Needle-
man [54], one can replace a craze by a cohesive surface, with constitutive
properties that are based on the foregoing observations on crazing. Tijssens
et al. [20] designed a cohesive surface which mimics the three stages of ini-
tiation, thickening, and breakdown. The methodology is illustrated in Fig. 5
with (a) the assumed craze structure, (b) the idealization of the craze pro-
cess with the transition from initiation to craze thickening and ultimately
to craze fibril breakdown and related crack nucleation, and (c) the descrip-
tion in terms of cohesive elements within a finite element framework. When
crazing has not yet initiated, the cohesive surfaces are adjacent and there
is no discontinuity across the plane under consideration. Once crazing has
nucleated, craze thickening develops and the separation between the two
cohesive surfaces results in an opening Ay. The traction vector oy is ener-
getically conjugate to A, and the mechanisms underlying this process are
lumped into a traction-opening law to be defined in the sequel. Once craze
fibrils break down, a crack nucleates locally and this is accounted for by pre-
scribing a vanishing traction on the corresponding location of the cohesive
surface.
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Fig.5 a Schematic description of the craze structure. b Idealization of the craze pro-
cess according to Kramer and Berger [32] for the craze thickening after initiation.
¢ Representation of crazes by discrete cohesive surfaces

4.1
Craze Initiation

Initiation is assumed to occur when a critical stress state is attained, accord-
ing to one of the criteria reported in the literature as discussed in a pre-
ceding section. We choose to use the criterion formulated by Sternstein and
Ongchin [24] to illustrate how it can be incorporated into the cohesive surface
framework, which is flexible enough to account for another definition. The
criterion is presented in Eq. 11 for a plane stress condition, with o; the ma-
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jor principal stress and the first invariant, or 3oy,. Within the cohesive surface
description as in Fig. 5¢, we assume that the direction of the major principal
stress corresponds to the normal direction so that o; = oy, in Eq. 11.

By assuming plane strain conditions as relevant for crack studies and
taking the hydrostatic stress as oy = 1/3(1 + v)(01 + 02) = (01 + 02)/2, the
criterion can be reformulated as [22]

0 0

Oazom="y + o =05 om). @)
Since o7 is the major principal stress, we have oy, = 01 > oy = (01 + 02)/2 and
the side condition that the normal stress has to exceed the hydrostatic stress
for craze initiation is satisfied. Equation 21 defines a critical normal stress
which appears to be hydrostatic stress dependent. As long as oy < 0" (om),
crazing does not occur and when o, reaches o' (o) crazing initiates. Once
initiated, the craze thickens and the condition (Eq. 21) is no longer relevant.

4,2
Craze Thickening

As discussed in Sect. 3.2, once a mature fibril is created, further thickening oc-
curs by a viscoplastic drawing mechanism which involves intense plastic de-
formation at the craze/bulk interface [32]. Instead of using a non-Newtonian
formulation as in [32] or a formulation based on Eyring’s model [45], but on
the basis of a preliminary study of the process [36], the craze thickening is de-
scribed with a similar expression as the viscoplastic strain rate for the bulk in
Eq. 3 as [20]

cc s -Afo€ On
An—Aoexp[ T (1— ), (22)

OC

in which A; is the craze thickening rate and Ao, AS, and o€ are material
parameters; A characterizes the intrinsic mobility during the thickening
process, A controls the temperature dependence, and ¢ is the athermal
stress for craze thickening. The above expression is phenomenological and
will be shown to be capable of capturing the main features of glassy polymer
fracture. Of course, a physically based formulation would be preferable and
could be incorporated when available.

4.3
Craze Breakdown

Craze breakdown is experimentally characterized by a critical craze thick-
ness A" which is primarily dependent (Eq. 20) on the craze stress o, the
force for chain scission f;,, and the entangled chain density along the craze
surface vs. The craze stress o is assumed to be rate and temperature depen-
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dent (Sect. 4.2). As the entanglement density before fibrillation is temperature
dependent (Eq. 7), the parameter vs probably reveals temperature depen-
dence. Experimental observations [29, 30] indicate that the temperature can
significantly influence A" but the rate dependence can be neglected as a first
approximation.

Therefore, the condition for craze breakdown is incorporated in the cohe-
sive zone description by adopting a critical thickness A*' that is just material
dependent. We will briefly explore the influence of a temperature-dependent
critical thickness in some nonisothermal calculations (Sect. 5.3) by letting the
value of A" increase by a factor of two from room temperature to Tg.

Such a phenomenological definition of the critical craze thickness A
hides much of the underlying physics. Further insight is expected to reveal
how this parameter changes with loading rate as well as its temperature de-
pendence, which could then be incorporated in the present framework.

44
Traction versus Thickening Law for the Cohesive Surfaces

The three stages of the crazing process discussed in the foregoing subsections
are combined by the traction-opening law

On=kn (An - A}) = kaA}, (23)

with A, the normal opening rate of the cohesive surface, A'fl the thickening
rate of the craze according to Eq. 22, and kj, the elastic stiffness. The traction-
opening law in Eq. 23 is used for the three stages of the crazing process. Prior
to craze initiation, Afl is not relevant and Eq. 23 reduces to ¢, = koA, in
which the stiffness k, has to be “infinitely” large to ensure that the elastic
opening remains small and does not significantly affect the continuity of the
fields.

When craze widening takes place, k, represents the elastic stiffness of the
fibrillated craze structure. From experimental observations of crazes in thin
films, Kramer and Berger [32] suggest that the early stages of fibrillation con-
sist of the transformation of a primitive fibril into a mature fibril at a constant
volume. Further fibrillation is due to the drawing process. By considering
the primitive fibrils at craze initiation (Fig. 5b) as struts of diameter Dy and
height hy, their transformation into a mature fibril of diameter D with height
h corresponds to h = Ahg and D = Dy/A!/2, ) being the extension ratio. By as-
suming that A, = hg at craze initiation, the stiffness of the primitive fibrils
is [22]

K="n, 24
" b (24)

During this transformation from primitive to mature fibril, the force distri-
bution acting on the craze/bulk interface remains constant so that o = F/$,
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and of = F/S, in which o0 and o represent the stress acting on the primitive
and the elongated fibrils, respectively. By assuming that the elastic modulus
of the fibrils, Ef, remains constant, we obtain arflo = EfAy/ho and arfl = EfAq/h,
from which we define the stiffness of the primitive fibrils at craze initiation
and that of the mature fibril as

Er o K°
0 _ _ °n _ "n
k= ho ~ hy and k, = N (25)

with A = h/hg. Once the mature fibrils have formed, the craze consists of
highly stretched coils. The overall instantaneous elastic stiffness of the craze,
ky, is therefore assumed to arise primarily from the material freshly drawn
into the fibrils. The stiffness is thus assumed to remain constant and equal to
the limiting value k, = k?l /AN according to Eq. 25, in which Ay = +/N is the
maximum stretch of the polymer coil.

Prior to craze initiation, on < 05" (om) in Eq. 21 and the stiffness has to be
“infinitely” large to ensure that “no” separation occurs across the cohesive
surface. We propose to use

e = o o)
ho

in the traction-opening law (Eq. 23) for numerical convenience, in which op,
is the instantaneous hydrostatic stress. The stiffness k23° in Eq. 26 becomes in-
finite when the mean stress vanishes and a limiting value is used when this
happens, which is adjusted to about ten times the stiffness at craze initia-
tion (Eq. 24). When crazing initiates, the stiffness evaluated from Eq. 26 and
that from Eq. 24 are identical with k° prior to initiation, decreasing gradually
to k9.

We illustrate in Fig. 6 the full traction response to a constant widening rate
A, derived from Eq. 23. The three regimes of the craze process can be readily
distinguished:

(26)

1. During the loading, the normal stress oy, increases but crazing has not yet
initiated so that negligible thickening is observed.

2. After a short transition following craze initiation, the craze thickens and
results in an opening A, of the cohesive surface at approximately constant
normal stress.

3. When the craze thickness attains the critical value A, craze fibrils
break down and a microcrack nucleates with a related vanishing normal
stress.

During craze thickening, two trajectories are distinguished in Fig. 6, de-
pending on the prescribed widening rate A, of the cohesive surfaces. After
initiation, if the cohesive surface widening rate corresponds to A, > A,
the hardening-like response (2a) is observed while a softening-like response
(2b) corresponds to A, < Af. The plateau is attained when the two open-
ing rates are equal (A, = A;). The widening rate of the cohesive surfaces A,
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Fig.6 Schematic representation of the cohesive surface traction-opening law: (1) no craz-
ing, (2) craze widening with (2a) hardening-like response or (2b) softening-like response
depending on the prescribed opening rate, and (3) craze breakdown at A, = A

is governed by the prescribed loading rate, while the craze thickening rate
is determined by the craze fibrillation process (Eq. 22). The evolution of the
traction-opening law as (2a) or (2b) is controlled by the competition between
these two responses. As the area under the traction-opening curve corres-
ponds to the energy dissipated by the crazing process, it also corresponds to
the energy release rate for crack propagation. With this formulation, the rate
dependence of the energy release rate arises from the rate dependence of the
craze thickening process.

The foregoing formulation for crazing focuses on the description along the
normal direction. The formulation of Tijssens et al. [20, 21] also accounts for
a tangential component in the cohesive properties with a tangential traction
ot and a tangential displacement A being related by

iC_ g A€ Ot ActC Ot

A{=1Tp {exp [— T (1—TC):|—exp [— T <1+rc):|}’ (27)
during drawing (I and 7€ are material parameters). From a numerical point
of view, an initially large tangential stiffness is necessary to prevent tangen-
tial sliding along the cohesive surfaces. The aim in [20,21] is to use this
phenomenological description of the tangential deformation of the cohesive
surface to investigate how a variation in the tangential load-carrying ability
of the craze fibrils could affect crack propagation and the related resistance
curve. This is shown to be of minor importance in [21], but the framework is
flexible enough to incorporate such an aspect when an appropriate descrip-
tion is available.
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4.5
Alternative Descriptions

Besides the cohesive surface framework presented here, other approaches to
model crazing within a finite element formulation have been reported re-
cently. Boyce et al. [55] define a thin craze element which accounts for craze
initiation and craze thickening. Craze breakdown was not incorporated, since
it was not of concern in the problem under investigation. In many aspects,
this formulation resembles a cohesive surface development, but a standard
continuum description is adopted which results in a stress-strain relation in-
stead of a traction-opening law. Before crazing, the craze initiates in the craze
(continuum) element, and the related thin layer has the properties of the bulk.
When the condition for craze initiation is fulfilled within the layer, the thin
bulk transforms into a primordial craze. The description of craze thicken-
ing uses also a rate-dependent formulation for the normal and the tangential
components of the craze thickening, but the analysis is restricted to stable
crazes and craze breakdown is not considered.

Gearing and Anand [28] have also used a classical continuum approach to
describe crazing. A viscoplastic stress—strain law is derived from an analysis
of the material response in the presence of diffuse crazing. This can be justi-
fied as long as multiple crazing is observed, but becomes questionable when
the loading conditions result in the development of a single craze as in mode I
crack growth.

The cohesive surface description presented here has some similarities to
the thermal decohesion model of Leevers [56], which is based on a modified
strip model to account for thermal effects, but a constant craze stress is as-
sumed. Leevers focuses on dynamic fracture. The thermal decohesion model
assumes that heat generated during the widening of the strip diffuses into
the surrounding bulk and that decohesion happens when the melt tempera-
ture is reached over a critical length. This critical length is identified as the
molecular chain contour.

5
Computational Analysis of Glassy Polymer Fracture

We present a finite element study which includes both shear yielding and
crazing within a finite strain description. This provides a way of putting to-
gether all aspects of glassy polymer fracture: crazing and shear yielding but
also thermal effects.
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5.1
Problem Formulation

Lai and Van der Giessen [8] performed a finite element analysis of the crack
tip plasticity of a mode I crack in glassy polymers, without accounting for
crazing. They showed that due to the particular softening-rehardening of
glassy polymers, plasticity develops in the form of shear bands. Plastic in-
compatibility at the shear bands’ intersection results in an enhanced hydro-
static stress, the maximum of which is located along the crack symmetry
plane. Since hydrostatic stress promotes craze initiation, as indicated in Eq. 11
or Eq. 12, it is expected that crazing appears preferentially along the crack
symmetry plane.

Subsequently, Estevez et al. [22] incorporated a cohesive surface along
the crack symmetry plane to permit the development of crazing together
with bulk plasticity. They assumed bulk plasticity to remain confined near
the crack tip so that the small-scale yielding framework is allowed. A single
cohesive surface is used, but the framework allows cohesive surfaces to be
embedded throughout the volume as performed in [20, 21].

The boundary layer approach is used to investigate the mode I plane strain
fields near the crack. The symmetry of the problem allows consideration of
only half the geometry (see Fig. 7), which consists of an initial blunted crack
of radius r; with traction-free surfaces along the crack. Along the boundary
of the remote region at a distance R with R & 200r¢, the mode I elastic field at
stress intensity factor Kj is prescribed [8, 22].

T K; displacement fields u; and us

Fig.7 The small-scale yielding problem in which crazing is allowed along the crack
symmetry plane with a plastic bulk. The boundary conditions of the coupled thermome-
chanical problem are reported from [22, 57]
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A quasistatic finite strain analysis is based on the rate form of the principle
of virtual work,

At / (8ny + 7w ) AV + At / GndAndS (28)
\4 Sc
= At / Tisu;dS - / mndV + / ondAndS - / Tisu;dS
A% 14 Sc A%

in which V and 9V denote the volume of the region in the initial configuration
and its boundary, and where S. is the cohesive surface in the current state.
In Eq. 28, & is the second Piola-Kirchhoff stress tensor, T the corresponding
traction vector, and n and u are the conjugate Lagrangian strain and dis-
placement vectors, respectively. The governing equations are solved for each
increment, with the term within the square brackets being an equilibrium
correction [7, 20].

Basu and Van der Giessen [9] extended the above isothermal formulation
to account for thermal effects associated with the heat dissipated by plastic
dissipation of the bulk and from the craze process. The plastic energy dissi-
pation rate per unit volume is specified in Eq. 4, so that the energy balance
inside the material can be written as

pcyT=kV2T + ¢ - DP, (29)

with k the isotropic heat conductivity in accordance with Fourier’s law, ¢, the
specific heat, and p the mass density.

There is a second source of energy dissipation, namely the fibrillation pro-
cess during craze thickening [57]. Per unit of area, the dissipation amounts to
onA; and represents a heat flux g =- kVT into the system through the sur-
face of the cohesive zone. If crazing has not initiated, there is no heat flux
across the symmetry plane x; = 0. Once crazing has nucleated, craze thick-
ening takes place and the above heat flux normal to the craze surfaces is
considered. The energy balance (Eq. 29) is then subjected to the following
boundary conditions on the cohesive surfaces:

oT |0 on x, = 0, without a craze (30)
0x) ;anA; /k onx; =4 ; Aq(x1), along the craze surfaces,

and all others boundaries are insulated.

The heat equation (Eq. 29) is coupled to the equations governing the me-
chanical response through the temperature dependence of the bulk viscoplas-
tic strain rate (Eq. 3), the craze thickening rate (Eq.22), and the thermal
expansion in Eq. 1. The system of differential equations resulting from the
finite element discretization of the energy balance in [9] is modified [57] to
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include the heat flux vector D from the crazing process as follows:
E® + FO = Dy, + D, (31)

in which @ is the vector of nodal temperatures and Dy, is the heat source vec-
tor due to plastic dissipation in the bulk. The matrices E and F depend on the
properties (p, cy), and k, respectively [9]. Equation 31 is integrated in time by
an unconditionally stable central difference scheme and the same finite elem-
ent mesh is used as for the mechanical part (Eq. 28). The coupled problem is
handled in a staggered manner as in [9].

5.2
Isothermal Analysis

To illustrate the influence of the craze thickening kinetics on fracture, two
sets of craze parameters are used and listed in Table 3. The two sets are bor-
rowed from [22] (cases 8 and 1) and named here A and B. In Fig. 8, we
report the plastic strain rate distribution observed near the crack tip. This
variable is suitable to track the development of plasticity and is normalized
with I} = Ki/so\/rt as a reference strain rate at the tip of the notch (the
radius is 7¢ = 0.1 mm and T = 293 K). We compare the cases for which no craz-
ing is considered (Fig. 8a) to those where crazing is accounted for (Fig. 8b),
with the set A of craze parameters in Table 3. When crazing is not present
and at the particular loading rate considered, plasticity develops in the form
of shear bands which originate from the tip of the notch, where the stress
concentrates.

Figure 8b shows the plastic strain rate distribution at the same load level
but with crazing accounted for and developing along the crack symmetry
plane. For this case, the craze initiates at the notch root and propagates
forward. The comparison between the two distributions shows that crazing
reduces the amount of plastic deformation necessary to accommodate the
same loading. The distribution shown in Fig. 8b corresponds to the instant
prior to the first fibril breakdown. Once this starts, a crack is quickly formed
inside the craze and rapid crack propagation takes place, so that the load at
this stage can be considered as the critical stress intensity factor. This ob-
servation of the craze profile indicates that craze breakdown initiates at the

Table3 The sets of craze parameters used in this study; the only difference originates
from A€ and hence the sets exhibit different craze thickening kinetics (from [22])

Set A%/sg BY/(s0)? N o/so ASG°)T Ag/re(s™h)

A 0.68 1.4 0.1 0.83 136.5 100
B 0.68 1.4 0.1 0.83 44.6 100
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Fig.8 Distribution of the instantaneous plastic strain rate distribution y? under mode I
loading at K ~ 3 x 102 MPa/m/s when Ki/ (so./rt) ~ 1.71; a without crazing, b with
crazing

point where currently most active shear bands intersect, thus providing an
example of how the competition or interaction between shear yielding and
crazing can take place. Since both shear yielding and crazing are viscoplastic
processes, these mechanisms are also interacting or competing with the load-
ing rate. This is illustrated in Fig. 9 in which the same problem is examined
but at a loading rate 120 times higher. In the absence of crazing (Fig. 9a), we
observe that shear yielding is more localized than in Fig. 8a. Since the load-
ing rate has increased, the viscoplastic process in the bulk requires a higher
loading level for accommodation to be possible; hence, for a comparable load-
ing level, the plasticity appears to be reduced with increasing loading rate.
This effect is still observed in the presence of crazing, but the rate depen-
dence of craze thickening also needs to be considered. As a consequence of
both processes, the plasticity developed prior to the onset of fibril breakdown
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in Fig. 9b is significantly reduced. This also affects the craze profile which is
thicker at the tip of the notch in this case, and leads to the crack nucleating
at the tip. The critical stress intensity factor is smaller than that of the low
loading rate (Fig. 8).

The influence of the loading rate can be represented in terms of the re-
sistance curves shown in Fig. 10, which present the loading level versus the
length of the craze and the crack. Once the craze initiates, the load-bearing
ability of the craze allows for some R-curve behavior. At the onset of craze
breakdown, crack propagation takes place in an unstable manner, as indi-
cated by the constant load level during crack propagation. This steady-state
value is taken as the critical stress intensity factor for the corresponding load-
ing rate. For the set of bulk and craze parameters used here, we observe in
Fig. 10 that increasing the loading rate results in a decrease of the critical
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Fig.10 Influence of the loading rate on the resistance curves using the parameters for
set A with KP ~ 3 x 10”2 MPa,/m/s and increasing loading rates (from [22])

toughness. In this case, the material shows a ductile-to-brittle transition with
increasing loading rate. The results are now considered using the craze pa-
rameter set B of Table 3. This set differs from the previous one by the value of
A€ which is three times smaller. From the definition of the craze thickening
rate (Eq. 22), a smaller A value corresponds to a higher thickening rate for
a given normal stress. The consequence of a different craze thickening rate is
investigated by varying the loading rate within the same range. The resistance
curves are shown in Fig. 11. It is observed that the critical stress intensity fac-
tor increases with increasing loading rate. In this case, the bulk response is
primarily elastic except at the lowest loading rate, in which some plastic de-
formation emerges at the onset of crack propagation (see Fig. 12a). We notice
that shear bands are not originating from the notch tip but away from the
crack plane.

For set B, craze thickening is faster and the craze critical thickness is at-
tained at K1/ (so/rt) ~ 1.32, which is significantly smaller than the value
K1/ (soy/rt) =~ 1.71 for set A. During crack propagation, some plasticity con-
fined to the craze/crack interface is observed (Fig. 12) but the bulk remains
mostly elastic. Therefore, the craze parameters B of Table 3 result in a more
brittle response compared to that predicted for the craze parameters A (see
Fig. 8b).

The toughening observed in Fig. 11 with increasing loading rate is quite
surprising from a standard fracture mechanics point of view on the fracture
of viscoplastic materials: increasing the loading rate results in less energy dis-
sipated by plasticity and a more brittle response is expected (if the failure
process is assumed to be rate independent). One could also invoke a failure
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criterion based on a critical crack opening displacement (COD) argument, so
that the toughness would increase with loading rate in the case of viscoelas-
tic material. However, in glassy polymers, crazing precedes crack formation
which is related to the fibril breakdown. The related parameter A" resembles
a COD criterion, but the craze thickening rate (Eq. 22) governs the conditions
for crack propagation at A", independent of the bulk response.

To really understand the effect of the loading rate, we need to distinguish the
three timescales introduced by (1) the loading rate Kj, (2) the reference shear
rate yy in the bulk viscoplasticity of Eq. 3, and (3) the A( appearing in Eq. 22
for the crazing time dependence. This set implies two independent ratios. An
increase of the loading rate is equivalent to a decrease of the bulk viscoplastic-
ity since the ratio K1 /7y increases. Hence, it becomes immediately clear that the
material response tends to beless viscoplastic. Furthermore, the ratio Kj / Ag in-
creases when the loading rate increases, which is equivalent to a reduced craze
widening activity for the same applied loading rate. Therefore, craze break-
down is delayed in time, thus leading to a higher K{'. There is also the ratio
Y0/Ao which is an indicator of the competition between shear yielding and
crazing. If it increases, it means that the kinetics for shear yielding () becomes
faster than the crazing process and plasticity is promoted.

Therefore, increasing the loading rate results in (1) decreasing plastic-
ity in the bulk and (2) increasing the load level at which craze fibrils break
down. The first case is illustrated for the set A of craze parameters for which
a ductile-to-brittle transition is observed, because the amount of plastic-
ity prior to crack propagation is diminished as the loading rate increases.
For set B, a toughening is observed with increasing loading rate because of
the viscoplastic response of the craze thickening process while the bulk is
essentially elastic. Both situations have been observed experimentally, with
case A resembling the response of PC with blunted notches [1] while case B
appears similar to the observations of the toughness increase with loading
rate reported in [29, 30] for PMMA.

Estevez et al. [22] also investigated the influence of Ay (Eq.22) and the
critical craze thickness A" Increasing A corresponds to an increase in the
kinetics of craze thickening, so that the condition for craze fibril breakdown
is reached earlier and plasticity is prevented, as expected from comparing the
timescales. Increasing A" delays the condition for fibril breakdown and crack
propagation. The load-bearing ability of the crazes is maintained for a larger
craze thickness, which requires a higher load level before craze fibrils break
down. Such an increase in A" can also promote plasticity, thus providing an
additional increase of the toughness.

In conclusion, the cohesive surface description presented in the foregoing
sections appears suitable for capturing a ductile-to-brittle transition with in-
creasing loading rate, and for predicting a toughening effect when the bulk is
essentially elastic. These trends are reported experimentally and a calibration
of the parameters used in the cohesive zone description is presented in [64].
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5.3
Coupled Thermomechanical Analysis

Beyond the classical ductile-to-brittle transition, there is a second but op-
posite transition from brittle to ductile at even higher loading rates. This
effect is observed for intermediate loadings between quasistatic and dynamic
conditions [59-62]. In this regime, noticeable temperature variations have
been recorded prior to and during crack propagation [2, 3, 58, 59]. The tem-
perature variations can originate from heat generated by plastic dissipation
during crazing and/or shear yielding. The temperature increase recorded for
dynamic crack propagation of PMMA is about hundred(s) of Kelvins [3, 59],
so that the temperature can exceed the glass transition temperature Tg. It is
worth noting that thermoelastic cooling by about - 20 to - 30 K prior to crack
propagation has been evidenced by Rittel [58].

As a first incursion into the thermomechanical analysis of the problem,
we present recent results [57] in which only thermoplastic effects are ac-
counted for. The related temperature variations appear larger than those from
thermoelastic effects, and are expected to be of major importance in the com-
petition between shear yielding and crazing. The influence of thermoelastic
effects will be briefly discussed at the end of this section.

The coupled problem formulation is presented in Sect. 5.1. The loading
rates for which thermal diffusion needs to be considered can be estimated for
a one-dimensional problem as in [9, 57]. This leads to the nondimensional
quantity « which compares a characteristic timescale #; associated with the
loading conditions to the time for heat to diffuse over a characteristic length
Ly as:

kto

K= . 32
L2 (32)

For k > 1, isothermal conditions prevail, while ¥ < 1 when the situation is
adiabatic. The characteristic timescale t; for the present study is defined as
the time to attain the material toughness Ki* for a given loading rate, i.e.,
to = Kf*/Kj. The characteristic length Ly is taken as the size of the plastic zone
of a perfectly plastic material with yield stress sy so that Ly = (K /so)2 [57].
For « ~ 1, heat conduction needs to be accounted for and this condition re-
sults in the estimation of

; ks

K= , ~ 100 MPay/m/s (33)

pevKi

beyond which a coupled thermomechanical analysis is required. This value
is obtained by taking a typical critical toughness of 1 MPa,/m/s and so =
119.5 MPa; p, ¢y, and k are those of Table 2. On this basis, we will consider
loading rates between Ki =300 and 3000 MPa,/m/s, for which crazing ini-
tiates at the notch root and the effective yield strength of the material is so
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high that no significant shear yielding takes place. Higher loading rates would
require the account of dynamic effects which therefore will not be considered.

Figure 13 shows the temperature distribution for two different loading rates
at the moment that breakdown of fibrils starts. Below these loading rates, the
temperature rise is negligible when crack propagation takes place. The tem-
perature distributions in Fig. 13 show that a noticeable variation is located
along the faces of the craze, with heat generated during craze thickening dif-
fusing into the material. No temperature rise appears at the craze tip, where
further craze initiation occurs. Therefore, even though the craze initiation cri-
terion [24, 25] (Eq. 11) involves temperature-dependent parameters A? and BY,
initiation is not affected by heat generated by the crazing process itself.

Figure 14 shows the craze growth resistance curves for the above loading
rates together with that for K; = 30 MPay/m/s from the isothermal analysis
in Fig. 11 (K7 = 900K?) [22] for which isothermal conditions prevail. As the
loading rate increases, K* remains constant. Toughening caused by tempera-
ture effects is not observed, even when the local temperature increases at the
highest loading rates.

The temperature distribution during crack propagation is shown in Fig. 15.
As the crack advances, the heat continues to diffuse along the normal to
the craze surfaces but the size of the hot zone remains comparable to that
of the craze thickness. The maximum temperature increase is located at the
crack/craze interface, where the craze thickening and related heat flux into the
bulk are maxima. At this location, the temperature reaches the glass transi-
tion temperature Tg but plasticity is not enhanced in the bulk, which remains
primarily elastic during crack propagation.

Experiments by D6ll and Kénczol [29, 30] revealed that the critical craze
thickness A" is temperature dependent in some cases. To get some feeling
for its influence, we consider the case where A" varies linearly from its value
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Fig.13 Temperature distributions at the onset of craze fibril breakdown for a Kj=
300 MPa,/m/s and b Kj = 3000 MPa,/m/s (from [57])
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Fig.15 Temperature distributions during crack propagation for a K; = 300 MPa\/m/s and
b K; = 3000 MPa./m/s, for a constant craze fibril breakdown

at room temperature to twice that value at Tg. As the loading rate increases,

the temperature rise increases as well, and a higher A{ is observed. This has

a direct influence on the resistance curves, yielding a higher Ki* as AJ(T)

increases. This is demonstrated in Fig. 16 for K = 3000 MPa./m/s, for which
[" increases by about 20%.

The temperature distribution at craze breakdown and during crack propa-
gation is shown in Fig. 17. As the crack advances, the temperature reaches
the glass transition temperature at the location of the crack-craze transition,
where plastic dissipation caused by craze thickening is maximum. However,
this remains confined to a small volume around the crack-craze surfaces (see
Fig. 17) so that no plasticity on a larger scale is promoted.
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Fig.17 Temperature distributions a at the onset of craze fibril breakdown and b during
crack propagation for Ky = 3000 MPa,/m/s, when a temperature-dependent critical craze
thickness is considered

These observations tend to invalidate the interpretation of the toughness
increase with loading rate by Williams and Hodgkinson [63]. Their descrip-
tion is based on the idea that crack propagation switches from isothermal
to adiabatic conditions when the loading rate increases from static to dy-
namic conditions. Heat is assumed to originate from crazing, and its diffusion
around the craze surfaces is supposed to significantly reduce the yield stress
of the bulk material surrounding the craze. Then, thermal effects are assumed
to be large enough to promote plasticity in the bulk, which results in blunting
of the crack. This picture has been named “thermal blunting”.

From the present results, and as long as the crack propagates by a single
craze, the calculations indicate that thermal blunting alone cannot be invoked
as the explanation of the brittle-to-ductile transition observed at high load-
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ing rates. However, a temperature-dependent critical craze thickness may give
a tendency in the correct direction.

In the vicinity of the crack tip, the local temperatures show a noticeable in-
crease for loading rates higher than Kj = 300 MPa,/m/s. The heat generated
by the craze thickening results in a hot zone around the craze surfaces, the
extent of which is comparable to that of the craze thickness. In an investiga-
tion of thermal effects during crack propagation in PMMA, Fuller et al. [3]
estimated the dimension of the hot zone normal to the crack path to be
about 1-3 pm. The maximum thickness of a craze in PMMA has been es-
timated to be about 2-3 um by D6ll and Kénczdl [29, 30]. Thus, from two
separate experiments, the size of the hot zone normal to the crack path and
the critical opening observed for PMMA are of the same order of magni-
tude. The corresponding quantities resulting from our calculations appear to
be at least consistent with these observations. In addition, we observe that
craze viscoplasticity is the major heat source during fracture once crazing has
initiated, since the bulk remains primarily elastic.

The cohesive surface formulation for crazing implemented within a thermo-
mechanical framework provides insight into the heat generation during crack
propagation, and indicates that the temperature-dependent critical craze
thickness can result in an increase in toughness, but the marked rise reported
in [60, 62] probably has another origin. Here, we believe that dynamic effects
need to be considered.

Bjerke and Lambros [59] have recently studied thermal effects generated
during dynamic fracture by using a thermally dissipative cohesive zone laid
along the crack symmetry plane of a preexisting crack within an elastic bulk.
Various cohesive surfaces with rate-independent traction-opening laws were
used, thus postulating different physical origins of the failure process. The
best agreement with the measured temperature distributions was obtained
with a formulation in which the normal stress drops with increasing thicken-
ing. However, the cohesive zone in [59] is much wider (about a millimeter)
than the craze length reported under quasistatic conditions (hundred(s) of
microns [29,30]). This suggests that the failure under dynamic conditions
takes place by a different mechanism than that for quasistatic conditions, as
evidenced by the need to use two cohesive zones. Evidently, the mechanisms
underlying failure in dynamic fracture need to be clarified.

The cohesive surface considered in the foregoing is based on observa-
tions made under quasistatic conditions. In particular, the incubation time
for craze initiation is neglected and a critical stress state for craze nucle-
ation is used (Eq. 11). For dynamic loading, a time-dependent craze initiation
criterion is to be included in the kinetics, since the characteristic timescale
associated with the loading can be comparable to that involved in the craze
nucleation process. If the time for craze initiation is accounted for, another
timescale is involved in the competition between crazing and shear yield-
ing that determines whether or not crazing takes place. Therefore, a switch
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from crazing to shear yielding may provide a possible interpretation of the
transition from brittle to ductile at high loading rates.

In the present investigation, thermoelastic cooling has not been consid-
ered in the heat equation (Eq. 29), since its contribution is expected to be
of minor importance when compared to that due to plastic dissipation of
crazing or shear yielding. This point may be questionable for materials like
PMMA or polystyrene, which exhibit a secondary transition temperature T
close to room temperature. Schirrer [45] has observed that a transition from
single to multiple crazes operates when the temperature decreases below Tj;
this also results in an increase in the toughness. In a study devoted to dy-
namic fracture of PMMA, Rittel [58] has shown that crack tip cooling of about
30 K precedes crack propagation. Therefore, for those glassy polymers having
a secondary transition 8 operating close to room temperature, thermoelastic
cooling could promote multiple crazing or inhibit craze initiation to promote
shear yielding instead, again resulting in a higher fracture toughness.

6
Conclusion and Future Trends

A description of crazing with a cohesive surface appears appropriate for the
crazes observed in glassy polymers, since the trends reported experimen-
tally are quite well captured. The cohesive surface model distinguishes the
three steps of crazing (initiation, thickening, and breakdown) and is flexible
enough to incorporate more sophisticated formulations of one of these stages
when available.

As the craze microstructure is intrinsically discrete rather than continuous,
the connection between the variables in the cohesive surface model and mo-
lecular characteristics, such as molecular weight, entanglement density or, in
more general terms, molecular mobility, is expected to emerge from discrete
analyses like the spring network model in [52, 53] or from molecular dynam-
ics as in [49, 50]. Such a connection is currently under development between
the critical craze thickness and the characteristics of the fibril structure, and
similar developments are expected for the description of the craze kinetics on
the basis of molecular dynamics calculations.

From an experimental point of view, the analysis of crazing has focused
on the description of the process along the direction normal to the craze sur-
faces, while the tangential displacement has received little attention. Some
ideas have already been reported in studies devoted to craze modeling [20,
21, 55], not least because it is necessary to complete the description. But also,
it is necessary to gain more insight into this tangential mode because of its
importance when crazing is analyzed in polymer blends or in more complex
loadings than the popular mode I when crazing is concerned. How the tan-
gential displacements affect craze thickening and/or breakdown is certainly
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one of the topics to be addressed in the future. The lateral load-bearing abil-
ity of cross-tie fibrils has already been of major importance in the mechanism
of fibril breakdown. However, the way in which a lateral displacement affects
the breakdown of craze fibrils remains to be clarified.

All these developments are contributing to the evolution of a physically
based description of crazing, in which the methodology of cohesive sur-
faces provides the necessary scale transition from discrete to continuous
descriptions.
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